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Abstract

Laser powder bed fusion (LPBF) is one of the most popular metallic AM processes. It produces a 3D-
parts by repeated powder layer deposition followed by laser scanning. A major obstacle of LPBF
investigation is the difficulty to obtain lab-scale LPBF-powder for compositions of interest. In this
regard, this work used “powder-free approach” to explore the effects of LPBF processing on
microstructure and properties. Three alloy systems were investigated, each not widely used in LPBF

processing, H13 tool steel, M2 tool steel, and boron-modified Ti6AI4V.

Melt pools made without powder were similar in dimensions, geometry, and microstructures to melt
pools made with powder. Dimensions were quantified for Ti6Al4V and H13. The balling
phenomenon occurred at lower power and velocity combinations when powder was presented. The

single-track test results enabled an empirical model to be developed for laser absorptivity.

Chapter 6 presented the work on LPBF process optimization for tool steel. Two steel grades, H13 and
M2 steel, were investigated. For H13 steel, a sequential set of studies was performed: single laser
tracks, multi-track pads, and 3D cubes, with 40 P-V settings tested for single tracks. Tracks and pads
were made by both no-powder and powder-added laser scan. For M2 steel, no-powder single-track
tests were conducted, with 28 P-V settings tested. P-V process mappings of melt pool geometry were
developed for H13 and M2 steel. They identify the P-V regions where keyholing, balling and under-
melt occurred. The P-V mappings for H13 and M2 steel show different keyholing P-V thresholds,
indicating the influence of high-boiling-temperature element on keyholing behavior. The no-powder
and powder-added P-V mappings for H13 steel show that the presence of powder layer resulted in a
slight shift in the balling P-V threshold.

Microstructure inhomogeneity was observed for both H13 and M2-steel melt pool: For H13 steel, a
cellular-network microstructure and an isolated-whisker microstructure co-existed at different regions
in the same melt pool. Solute pile-up due to solidification microsegregation was observed at the
cellular boundaries, where retained austenite was present. Relative amounts of the microstructure
types in each melt pool varied with P-V parameter. Consistency in microstructure inhomogeneity was
observed for tracks and pads produced at the same P-V sets. Cracks were found in some pads, which
appeared to propagate through the isolated whisker microstructure. Based on this, P-V windows of
different cracking tendencies were predicted based on the microstructure P-V map. 3D-cubes built by
P-V sets in different windows showed crack densities in line with the predictions. A microstructure

evolution mechanism was proposed, which explains the microstructure inhomogeneity as a result of
4



varied microsegregation levels at different regions in the melt pool. Based on the proposed
mechanism, melt pool microstructure was predicted by coupling DICTRA simulation with melt pool
thermal profile calculation, showing good agreement to the experimental observation. For M2 steel,
microstructure inhomogeneity was induced by columnar-to-equiaxed transition (CET) in the melt
pool. Single-tracks for the 28 selected P-V sets showed either fully columnar, columnar+equiaxed
mixed or mainly equiaxed dendritic microstructure. A CET criteria was combined with melt pool
thermal profile calculation to predict P-V process map for M2-steel microstructure
(columnar/equiaxed). The predicted and experimental P-V maps showed good agreement in the P-V
space.

Chapter 7 presented the work on LPBF composition evaluation for five Ti6Al4V-xB trial
composition: Ti6AI4V + (0, 1, 2, 5, 10, wt.%) B. Single-tracks, multi-track pads and overlap-track
pads were made on the surface of arc-melted Ti6Al4V-xB buttons. For each Ti6Al4V-xB
composition, melt pools were produced by 14 P-V sets over wide P-, V-ranges, with melt pool
geometry and microstructure information gathered into P-V maps. By varying wt.% B and P-V
parameter, four TiB precipitate morphologies were produced. Melt pool microhardness showed
evident enhancement from arc-melted baseline for all Ti6Al4V-xB compositions. Ti6AI4V-xB with
2-5 wt% B as a promising composition range for LPBF processing. The four TiB morphologies
observed at different [B%, P-V] combinations were considered as the product of different
solidification mode (primary B-Ti, primary TiB and coupled eutectic). An analytical model was
developed to determine the criteria of LPBF solidification mode transition as a function of P-V
parameters and Ti6Al4V-xB material properties. The calculated P-V maps for LPBF solidification
mode transition showed good agreement with experimental results. This model suggested that certain
P-V window leads to coupled-eutectic solidification and non-equilibrium primary-@ solidification
mode even for highly hyper-eutectic Ti6AI4V-5%B, in turn leading to TiB presenting continuous

network and discontinuous network agglomeration of nano-scale TiB whiskers.
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loop-shape boundary separating localized type(A) and (B) microstructures in each melt pool (see Fig
30(ii), (iii)); region with type (A) microstructure: bright contrast, region with type (B) microstructure:
dark contrast, indicated by letter “A” and “B”; yellow/green box in (a)-(d): examples of randomly

scattered type (A)/(B) microstructure in localized type (B)/(A) microstructure...........cccceevvevvvennenne. 84

Fig 37 H13-steel microstructure P-V process map for single-track melt pool with (a) powder-
added laser-scan condition and (b) no-powder laser-scan condition, based on the categorization of

four microstructure types presented iN Fig 36.......c.cciviiiiiiiiieiiese e 87

Fig 38 Comparison between experimental (a) and predicted (b) microstructure P-V process map
for M2 steel single-track, with balling P-V threshold overlapped. (P-V thresholds: developed by the
Q-V thresholds in Table 12, Chapter 6.1.1) ......cccooiiiiiiiiieicee e 89

Fig 39 typical example of M2-steel melt pool showing varied microstructure at different location
along laser track, corresponding to “varied microstructure” category in process map (Fig 39); noted:
(@), (b) are two cross sections taken at different location of the same sing-track; example provided by
P-V#25 (300W-1800MIMY/S) ....viviriereitiieristesieeete ettt sa et re st e e e be st et ese st e e eseesesa e s enasbessenearens 90

Fig 40 C and V wt.% in y-Fe versus temperature for H13-steel solidification (a) and H13-steel
solidification phase transformation route (b); (a) and (b): calculated by Scheil-Gulliver Model,
symbols in (b):5-Fe: ferrite: y-Fe: austenite: M7Cz, MC: carbide ..........ccooeviiiiiiiiiiicc e 93

Fig 41 change of Ms temperature for y-Fe formed from beginning to end of H13-steel
solidification; calculation: based on comp% profile calculated by Scheil-Gulliver model (see Fig 40);

low-Ms y-Fe: referred to y-Fe with Ms<130°C, as 50 °C above preheat temperature ....................... 94

Fig 42 schematic of microstructure evolution mechanism for type (A) & (B) microstructure
located at the near-top and near-bottom region of H13 steel melt pool(see Fig 30) ); high-Ms y, low-
Ms y-Fe: austenite with Ms>130°C and Ms<130°C, defined in Fig 41; y and y’: austenite formed

from solidification and solid-state phase transformation; M: martensite...........ccccccceviviieiiecieesinn, 97
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Fig 43 Comparison of predicted results(a,b-2) and experimental results(a,b-1) for H13-steel melt
pool microstructure showing coexistence of type (A) and type (B) microstructure on cross section
with process setting specified as P-V#5, #8, presented in (a-1,2,3) and (b-1,2,3) respectively; in (a,b-
1): red dashed line indicates the boundary separating region with type (A) and (B) microstructure in
melt pool, location of the two microstructure: indicated by letter “A” and “B”; microstructure
prediction: based on calculation result for melt pool cooling rate profile (a,b-3) at end of solidification

TOr COIESPONUING P-V SEL. ...t b et 99

Fig 44 carbon concentration (wt.%) vs. distance from cell core to cell boundary (i.e., half of
cellular network spacing (A)) in type (A) microstructure of H13 steel (see Fig 30) for different
solidification cooling rate (T) calculated by DICTRA simulation and compared with Scheil-Gulliver
simulation; selected solidification cooling rates: within the range of LPBF melt pool solidification
cooling rate estimated by melt pool thermal numerical calculation (see Fig 43); in (a): DICTRA setup
adopted constant A for different cooling rates; in (b): DICTRA setup adopted different A for each
cooling rates based on the relation of A< T — 1/3; Noted: (b) shows some curve fluctuation for setup

of A<0.3um potentially due t0 CONVEIgENCE ISSUE .......eeivieieiieieeiesieesieeieeree e e sie et sae e sneeneens 101

Fig 45 G-R microstructure map (c) for M2 steel showing the G-R condition for promoting
equiaxed and columnar dendrite growth, as indicated by the dark and light shade in (c); criteria for
CET occurrence: indicated by dashed line in (c); the three color-lines inserted in (c): represent the
correlation between G and R for each location across whole melt pool depth at melt pool centerline,
calculated for process condition of P-V#3, #9, #13; arrow on color line: indicate direction from melt
pool surface to bottom; point “A”, “B”, “C”: represent the location at melt pool centerline separating
equiaxed and columnar microstructure in melt pool of P-V#3, #9, #13; (a) and (b) show the evolution
of G and R as function of Z at melt pool centerline(Z: melt pool depth; melt pool surface: Z=0); Note:

whole melt pool thermal profile and microstructure prediction for the three P-V sets shown in Fig 46

Fig 46 M2-steel single track top surface microstructure (a) used for measuring distance between
adjacent equiaxed dendrite measurement (b); in (a): the white dashed lines: single-track boundary; in
the single-track: local regions with equiaxed and columnar dendrite are separated by red dashed lines
and indicated by label above (a); (b) is the high magnification image of the red box in (a); in (b):

double-arrow red line indicates the distance between adjacent equiaxed dendrite.............cccoveeee. 107
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Fig 47 Comparison of calculated results(a,b,c-2) and experimental results(a,b,c-1) for equiaxed
and columnar dendrite in M2-steel melt pool microstructure with process setting of P-V#13, #9, #3;
experimental results in (a,b,c-1): equiaxed and columnar dendrite distribution: distinguished by dark-
contrast and bright-contrast; microstructure prediction in (a,b,c-2): based on calculation of melt pool
thermal profile at end of solidification for corresponding P-V sets (solidification velocity: a,b,c-3;
temperature gradient:a,b,c-4);.Note: P-V #13, #9, #3 belong to different microstructure group in
experimental microstructure process map of M2-steel (Fig 38(a));....ccccvervrrrrieeneniniieneee e, 109

Fig 48 microhardness for track, pad, cube fabricated by P-V set #4, #14, #20, #10, each in different
microstructure categories in P-V map (Fig 37), as presented in table below the chart; microhardness:
measured for different microstructure found in track/pad/cube, as indicated by the label
(microstructure: type (A), (B) see Fig.10(ii), (iii) for track, Fig 49(b-1),(b-2) for pad; type (A’) and
(B’) see Fig S1(D), (€) TOT CUDE) ..ecuviiiiiiiiiicieieee et 112

Fig 49 typical melt pool hardness measurement for P-V sets in CET promoting and suppressing
group (microstructure groups: indicated by the labels at the top); for P-V sets of promoting group:

local microhardness compared for the regions with equiaxed and columnar dendrite within same melt

Fig 50 typical multi-track melt pool microstructure for P-V set of “large-A” type (a) and “small-
A” type (b) in microstructure P-V map (Fig 37); exemplified by P-V #20 [300W-800mm/s] and P-V
#4 [150W-800mm/s] (Fig 36(a), (c): corresponding single-track melt pool microstructure at same P-
V set); microstructure inhomogeneity similar to single-track (Fig 30) was observed: each multi-track
melt pool (melt pool boundary: marked by white dashed line) presented two types of microstructures,
referred to type (A) and (B) microstructure, shown in (b-1) and (b-2) (zoom-in images of yellow and
green box in (b)); in (a),(b): red dashed lines indicate the loop-shape boundary separating region with
type (A) and (B) microstructure in each melt pool, distinguished by bright and dark contrast and
denoted by letter “A” and “B”.......ccoiiiiiiii 115

Fig 51 Typical cracking observation for H13 multi-track pad with “small-A” type microstructure;
(b): zoom-in image of red box in (a); crack: indicated by white arrows; white dashed lines: melt pool
boundary; a loop-shape boundary (partially marked by red-dashed line) separates local region with
type (A) microstructure (bright contrast, indicated by “A”) and region with type (B) microstructure

(dark contrast, indicated by “B”) in melt pool; (type (A) and (B) microstructure, see Fig 30(b-1) and



Fig 52 typical microstructure for H-13 cube with severe cracking (example provided by P-V#4);
in (a): white dashed line: melt pool boundary (denoted as “M.P. boundary”) and red arrow: cracks;
two microstructures observed in one melt pool: referred to as type (A’) and (B’), shown in (b) and (c)

respectively; (b), (c): zone in image of yellow and green boX in (8) .....ccccoveeevvnveiieninie e 117

Fig 53 XRD pattern for H13 steel cube (a) and pad (b) processed by same P-V set (example
provided by P-V set#20 [300W-800mm/s] compared to un-laser treated H13 steel matrix (c);
microstructure: see Fig 50(a)); austenite vol.% for (a)-(c): listed on the right ...........ccoveeveieinenn, 117

Fig 54 crack density measurement for H-13 steel cubes built by 8 P-V sets selected in this study
(marked by “¢” in Table 7), with their corresponding melt pool microstructure category summarized

in the table below the figure; average crack density: measured from 120 sections (1mm?) per cube

Fig 55 typical H-13 steel cube crack observation for P-V sets of “small-A” and “varied
microstructure” categories (a) and P-V sets of “medium-A” and “large-A” microstructure categories
(b), examples provided by cube of P-V # 36 and #14; (c): zoom-in image of the red box in (b);
microstructure category: see chapter 6.2.2 and Fig 36..........cccoviiiiiiininiieicee e 119

Fig 56 SEM images (BSE mode) of arc-melted microstructure for Ti6Al4V-xB alloy buttons of 4
trial compositions: Ti6Al4V-1B, 2B, 5B, 10B, shown in (a), (b), (c), (d) respectively; TiBeu—eutectic
TiB; TiBpri—primary TiB; (e): measured TiB vol.% in laser-scanned region by SEM image process vs.
predicted TiB vol.% for alloy buttons with different trial compositions; error bar (standard deviation)
INdicated DY red 1ADEI ... 128

Fig 57 Comparison of single-bead melt pool width for different Ti6Al4V-xB trial compositions
(Q: absorbed laser power; V: laser scan speed); melt pool width for each P-V sets; error bars were
added to one of the data points for each trial Ti6AI4V-xB composition, representing the average
standard deviation for 3 melt pool cross sections of each Ti6Al4V-xB trial compositions............. 129

Fig 58 Melt pool geometry P-V mapping for B-free Ti6Al4V ((a)) and four Ti6Al4V-xB
compositions (1%, 2%, 5%, 10%B: (b), (C), (), (€)) . eeiieiieiiieiie e 130

Fig 59 example showing change in melt pool geometry by different B addition with same P-V
set (example shown for P-V set#9: 115W-800mm/s:); (a): Ti6Al4V; (b): Ti6Al4V-1%B; (c):
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Fig 60 Workflow for generating preliminary process window for porosity control (shadow area
in (b), i.e., area enclosed by dashed lines) for Ti6Al4V-xB using the melt pool geometry P-V map
(example Shown FOr TIBAIAV-10B) .......cceiiiiieiiee et enes 133

Fig 61 Typical SEM images of 5 different Ti6Al4V-xB melt pool microstructure observed for 56
tested [Ti6AlI4V-xB, P-V ] combination, referred to as Type (i)~(v) microstructure, respectively
showing uniformly-distributed TiBeyt Whisker ((a-1), (a-2)), continuous TiB network ((b-1), (b-2)),
discontinuous TiB network ((c-1), (c-2)), nano scale TiBeyt needle+ TiBpi rod ((d-1), (d-2)) and
dendritic TiBpri rod+ nano-scale TiBeut needle ((e-1), (e-2)). TiBeut: eutectic TiB; TiBpri: primary TiB;

(i-2) image on the right: high magnification image of green box in (i-1) image on the left, with i as

Fig 62 melt pool microstructure P-V mapping for each Ti6Al4V-xB candidate compositions, with
Ti6AI4V-1%B, 2%B, 5%B, 10%B shown in (a), (b), (c), (d) respectively; Note: labels with multiple
colors (e.g. #11 for Ti6AI4V-1%B in (a)) corresponds to different microstructures observed on a

Single Melt POOI CrOSS SECLION. .......ccuiiiiiiieiic ettt et e e e st e e sreenreaneenre e 138

Fig 63 Ti6Al4V-xB melt pool showing local microstructure inhomogeneity: (a) melt pool cross
section; white dashed line in (a): mark melt pool boundary; (b), (c): zoom-in image of yellow and red
box in (a); blue arrow in (b)(c): mark TiB precipitate; (d): possible melt pool fluid flow scenario

causing the melt pool microstructure inhomogeneity in (2)........cccccvvvvevieriiiieieeee e, 139

Fig 64 example OM image showing melt pool cross section for regular pad (a) & overlap pad
(b):melt pool boundaries for regular-pad and first layer in overlap-pad: white; second-layer melt pool
boundary in overlap pad: red; microstructure characterization location: indicated by inserted box in

Fig 65 Typical melt pool microstructure observation of single-track, multi-track, overlap-track
generated at same B wt.% level and P-V sets, with the corresponding single-track showing type (i)-
(iv) melt pool microstructure (see chapter 7.4.1 and Fig 60 for details of type (i)-(iv) microstructure);
[B wt%, P-V] of each examples: listed on the left side; microstructure characterization: at center of
melt pool (yellow box in Fig 63(a)-(c)); TiB precipitate and Ti-matrix: marked by white and blue

arrows respectively; red dashed lines in (4-a,b,c): mark prior B-Ti boundaries .............cccccereenee. 141

Fig 66 microstructure inconsistency in Ti6Al4V-xB pad (a): localized region near boundary

between adjacent melt pools (marked by red dashed line in (a)-(c)) show different TiB distribution
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spacing (b) or different TiB morphology (¢) compared to rest of the pad; M.P.: stands for “melt pool”;
(b): zoom-in image of the white box in (a); examples provided by [2 wt.%B, P-V#a] and [1% wt.%B,
eV | I (o (o) 1= T o N () PSR PR 142

Fig 67 comparison of arc-melted Ti6Al4V-xB hardness & single bead Ti6Al4V-xB melt pool

hardness. Max & min labels are indicated for the normal-geometry melt pool (see Fig 22, chapter

Fig 68 melt pool hardness for Ti6AlI4V-0,1,2,5 wt.%B at different laser scan velocity when laser
power fixed at 215W (a) and 280W(b); melt pool microstructure: indicated by different labels, with

each microstructure category summarized in Table 17 and Fig 60..........cccccceviveviiiniieve e, 144

Fig 69 general workflow to develop LPBF process map for solidification microstructure selection
for hypo-eutectic Ti6Al4V-xB alloy (a-1~3) and hyper-eutectic Ti6Al4V-xB alloy (b-1~3): (a-1), (b-
1): schematic phase diagram; (a-2), (b-2): schematic showing the change of interfacial temperature
of each solidification phase with absorbed power(Q) and laser scan velocity (V) for [Q, V]
combinations with a fixed (Q-V) product; (a-3), (b-3): schematic to show how to develop Q-V
threshold for solidification Mode tranSItIoN ..........coocveieiieiiee e 152

Fig 70 LPBF process map for solidification mode selection for Ti6Al4V-1, 2, 5 wt.%B: black
bold and dashed lines: solidification mode transition thresholds, developed from equation models in
Table 19; experimental data points: obtained from this work and studies from Cai et al[182] and Attar
et al. [120], different labels represent different melt pool microstructure, with the typical image and
solidification mode presented in Fig 60 and Table 17. ........ccooiiiiiiiiiiiie e 154

Fig 71 coarse boride pre-existing from arc-melting: (a) whole melt pool; (b) high magnification

image Of red CIrCIE are@ iN (B).......cceevveiieiicic ettt e e sbeeae e nreas 157

Fig 72 Change of absorptivity with laser scan velocity at laser power fixed at 150W, 200W, 250W
for H13-steel in bulk-state(a) and powder-state(b) and Ti6Al4V in bulk-state(c) and powder-
state(d);(a)-(d) adopts the P,V, material-related absorptivity model developed in this study (see Table

Fig 73 Comparison of melt pool depth between laser scan on bulk H13-steel and H13-steel powder
layer for 3 datasets by adopting: (a) varying absorptivity model in Equation 10; (b) constant
absorptivity; non-keyhole data point outlier: marked by red dashed circle; note: no-powder(2) dataset:

validation data not used for data fIitliNg.........ccccoveiieiii i 186



Fig 74 Fitness of the two absorptivity models for Ti6Al4V in powder state in Table 10 to the
Ti6Al4V powder-added npreabsorptivity datasets; (a) P-V varied absorptivity model and (b) constant
absorptivity model; datasets: 48 data points included, corresponding to Powder-Ti64 dataset in Table
11; npre: defined in Equation 11, derived from experimental measurement of Ti6Al4V powder-added

MEIL POOI DIMENSION ...t bbbt 187

Fig 75 Observation of unmelted powder for H13 steel melt pool; (b): zoom-in image of the red
box inserted in (a);(b) shows unmelted powder presents larger-scale cellular metworking than the

surrounding melt pool solidification MICOSTIUCTUIE ...........ccveiiiiieiicie e 187
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1 Introduction

1.1 LPBF process and “powder-free” method

Additive manufacturing (AM) technology introduces revolutionizing opportunities to the
manufacturing industry, due to its unique layer-by-layer part build process and attractive advantages
including minimizing material waste and enabling geometrically sophisticated part design. The quick
mature and great advancement of AM technology recently shows promising potential for its
commercialization on metallic part fabrication [1]. Based on their material feedstock, the mainstream
metallic AM processing systems were categorized into wire-feed, powder-feed and powder-bed
system, equipped with either electron beam or laser heat source. There are several different metal AM
processes. This work focuses on laser powder bed fusion (LPBF) additive manufacturing, also known

as selective laser melting (SLM).
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Fig 1 schematic of LPBF- additive manufacturing system (based on EOS M290 machine model)

Among various AM systems in the market, LPBF is one of the most popular AM systems for metallic
part fabrication, which is based on powder-feed system and equipped with a laser heat source. Fig 1
shows a schematic LPBF system AM machine (model: EOS M290), which is the equipment utilized
in this study. During LPBF-part build process, the recoater-blade sweeps across the build plate to
deposit a thin layer of powder with a specified layer thickness (20~60 um) on the surface of
previously-built bulk metallic part, followed by which a laser beam scans on selective area of the
powder layer with programmed scan pattern. This powder spread-laser scan process is repeated to

build a three-dimensional part layer by layer.
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LPBF exhibits a series of beneficial features over other AM processes, including (1) it has less
material restriction than other AM systems. For instance, EBM-AM system could only consider
materials with good electrical conductivity as well as thermal conductivity, while LPBF process does
not have such restriction; (2) compared to powder-feed and wire-feed AM system, it has a more stable
material feed process and smaller local melting volume, allowing higher dimensional resolution &

better surface quality for the parts compared to other AM-fabricated parts.

Powder availability is a primary obstacle to experimental LPBF investigation, especially LPBF alloy
development investigation. LPBF powder feedstocks generally have strict requirements [2][3][4],
including uniform size, good flowability, and low porosity. It is impractical and costly to produce
small-scale powder batch for all the trial alloys of interest. In consequence, currently the number of
metallic materials optimized for LPBF process is highly limited. For instance, the list of material
optimized for EOS-M290 machine utilized in this study only includes 2 titanium alloys (Ti6Al4V and
commercially pure Ti) [5][6]and 1 tool steel (maraging 300) [7] across the titanium alloy class and

tool steel class.

Computational modeling is an important part of the solution and there are currently many efforts on
the macro-scale (10°~1 m) and meso-scale modeling (10°~10-m) [8][9]. With the increasing model
sophistication, the thermal modeling and stress modeling work shows reliable prediction from the
melt pool scale to the 3D-part scale, such as the studies from Li et al(Li et al., 2018), Fu et al (Fu and
Guo, 2014) and Hussein et al(Hussein et al., 2013). However, LPBF process still remains complicated
and challenging to fully describe, which makes the current modeling work on predicting LPBF melt
pool microstructure evolution immature [8]. Recent attempts at LPBF microstructure modeling,
including phase-field modeling and Monte Carlo modeling [10][11] commonly present problems of
oversimplifying microstructure features or unsatisfying accuracy and thus fail to validate the
experimental results. Moreover, there is less experimental data available for model benchmarking
than for conventional processing modeling. In general, at the current stage, we might still lack the
confidence to rely upon computational modeling to obtain accurate LPBF microstructure information.
Thus, if solely based on computational modeling, wrong LPBF performance evaluation is quite likely
to be generated due to inaccurate LPBF microstructure information. Experimental observation,
especially on LPBF melt pool microstructure, is still essential for LPBF investigation, especially in
the case of current work, which investigated LPBF process optimization for unexplored commercial

composition and LPBF alloy development with non-commercialized trial composition.
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Therefore, this study intends to obtain reliable LPBF melt pool information (geometry,
microstructure, hardness, etc.) for alloy systems of interest without the need for tedious and costly
powder fabrication experimental work. On this basis, this study proposes a systematic experimental
methodology, referred to as “powder-free approach” in this document. This approach assumes laser-
deposited melt pool on bulk alloy surface (referred to as “no-powder melt pool” in this document) to
provide sufficient approximation for as-deposited melt pool during LPBF build, which is essentially
melt pool deposited on bulk alloy with a powder layer present (referred to as “powder-added melt
pool” in this document). Based on this assumption, the powder-free approach was used to conduct a
series of LPBF laser-scan tests with different scan patterns and P-V process combinations on bulk
alloy surface with a series of test compositions, assessing the positive and negative attributes of LPBF
part build performance with each process-composition combination by evaluating the obtained melt
pool geometry, microstructure and micro-hardness information. The main advantages of this powder-
free approach include: (1) due to the greater convenience of obtaining bulk alloy buttons than powder
feedstock, this powder-free approach gives us much more freedom on test composition selection; (2)
by leaving out the time-consuming LPBF part build procedure, this powder-free approach allows
rapid assessment of a large number of process settings for composition of interest. Two cases were
demonstrated in this study for adopting this powder-free approach for LPBF-related studies: One is
alloy development for LPBF process, with boron-modified Ti6Al4V-xB as alloy of interest, and a
broad composition range from 1wt.%~10wt.%B addition was investigated; the other is LPBF process
optimization for two tool steel grades: M2 and H13 steel. The results were presented in chapter 7 for

the former and chapter 6 for the latter.
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2 Technical Background

This chapter provides the technical background for the models and microstructure mechanisms
presented in this study. Chapter 2.1.1 presented the basic concepts and modeling work for LPBF melt
pool heat transfer. The model used for melt pool thermal profile calculation in this study was also
introduced. In this study, a major focus was developing P-V process window for defect control and
P-V process mapping for microstructure control for each tested alloy. Keyholing and balling were
two defect-inducing mechanisms of investigation. Their typical melt pool behavior, relation to P-V
parameter and influence on LPBF part quality were described in chapter 2.1.2 and chapter 2.1.3. In
this study, two mechanisms related to microsegregation and columnar-to-equiaxed transition (CET)
were proposed to explain the microstructure inhomogeneity observed in H13 and M2-steel melt pool.
Chapter 2.2.1 and chapter Error! Reference source not found. described the models for estimating
microsegregation and CET in previous studies, with a focus on Scheil model, DICTRA model and
CET model from Gaumann et al [12], which were the models utilized in this study. Chapter 2.2.1 and
chapter Error! Reference source not found. also summarized the experimental observation for
microsegregation and CET occurrence under LPBF and laser welding rapid solidification as well as
their relation to cracking. In this study, solidification mode transition was observed for LPBF melt
pools of Ti6AI4V-xB. Chapter 2.2.3 presented the literature review for solidification mode transition
in welding process, including its experimental observation, its relation to welding process parameter
and its underlying competitive growth mechanisms. Finally, Chapter 2.3 and chapter 2.4 provide the
literature review for LPBF processing of tool steel and Ti6Al4V-xB, with a focus on process-

microstructure relation.
2.1 LPBF melt pool solidification

2.1.1 Heat transfer during melt pool deposition

In LPBF process, the high-energy-density laser irradiates and heats the powder layer. When the
temperature achieves the alloy melting point, a moving melt pool is created by quickly melting and
solidifying the material from the newly-deposited powder layer and the material from the underlying
bulk metal substrate together. Heat transfer during this process is schematically shown in Fig 2
[13][14], which consists of radiation and convection from material-environment interaction and
conduction between the melt pool and the solidified substrate. LPBF melt pool deposition has two

heat transfer modes: conduction mode and keyholing mode, similar to the heat transfer in fusion
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welding process. In conduction mode, heat transfer is dominated by conduction through the
previously-built substrate underneath the melt pool, while radiation and convection take up a small
portion of the heat flow. However, it should be noted that LPBF conduction mode could differ from
that of welding and some wire-feed or powder-feed AM process in that in LPBF process, the
previously-built substrate is surrounded by loose powder, which acts as a thermal insulator to inhibit
heat conduction[15][16]. Study by Montgomery et al [16] showed that this effect was small for LPBF
part build except for overhang structure. In keyholing mode, a considerable portion of heat flow is
through convection by significant metal evaporation. Unlike heat transfer in conduction mode, heat
transfer in keyholing mode needs to consider both conduction and convection due to the presence of

a deep vapor cavity during melt pool deposition. This is further described in chapter 2.1.2.
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Fig 2. schematic of heat transfer during LPBF melt pool deposition[14]

Abundant studies[17][18][19][13] as well as this work showed that melt pool thermal analysis was
beneficial for understanding LPBF microstructure evolution. Therefore, continuous efforts have been
made to formulate and refine heat transfer models to describe LPBF melt pool deposition. Various
analytical and numerical models have been developed, as summarized in several relevant literature
reviews [20][15] [13]. One of the most well-known analytical models is the Rosenthal solution [21],
which was originally developed for welding process and also found its application in several AM-
related studies[22][23][24]. It describes the three-dimensional temperature field for a moving point
heat source, as shown in Equation 1. It used several assumptions to simplify its calculation, including
steady-state heat flow, point heat source, no convection, no heat of fusion and constant thermal
properties. These assumptions limit its application for many LPBF process scenarios. For instance,
the Rosenthal solution usually provides inaccurate prediction for melt pool deposited by keyhole-

mode laser scan due to the assumption that convection does not play a significant role [25] [21][26].
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This was also found in this study, as shown further in chapter 5. Its steady-state assumption makes it
difficult to predict melt pool deposition by complex laser scan paths [27]. Its point heat source
assumption could introduce inaccuracy for melt pool thermal profile calculation because in reality
LPBF laser power presents a Gaussian energy distribution[28]. However, within the process range
where these assumptions were acceptable, the Rosenthal solution shows the great benefits of low
computational costs and providing reasonable estimates. Several studies reported that Rosenthal-
predicted melt pool geometry agreed with experimental ones for melt pools formed by conduction-
mode laser deposition [23,29-31]

_ Q —V(@E+R) Equation 1
T=To+ 2R ®*Pl— 24
where T is the local temperature, To is the plate temperature, Q is the absorbed power, k is thermal
conductivity, V is beam travel speed, a is thermal diffusivity, R = (22 + y2 + 22)1/2 is the radial

distance from the beam position, € is the distance from the beam position along the travel direction,
y is the distance parallel to the workpiece surface perpendicular to the beam travel direction, and z is
the depth below the workpiece surface.

This study adopts the heat transfer model developed by Nick Jones (in-house) for melt pool thermal
profile calculation, as shown further in chapter 6.2. It was based on the Eager-Tsai analytical model
rather than the Rosenthal Model. The Eager-Tsai model [32] describes the temperature profile for a
traveling heat source with a Gaussian energy distribution, as shown in Equation 2. Compared to the
Rosenthal Model, it provides a more realistic distributed heat source for LPBF melt pool estimation.
However, it still uses all assumptions except that of a point-heat-source one in the Rosenthal model.
Thus, the Eager-Tsai model might not be feasible to fully address the details of LPBF melt pool
thermal behavior owing to the same reasons mentioned above for the Rosenthal model. Compared to
analytical models such as the Eager-Tsai and the Rosenthal models, numerical models are expected
to give more realistic estimates of a LPBF melt pool thermal profile due to its transient heat transfer
nature and availability to integrate the heat transfer model with a melt pool fluid flow model[33][34].
Software for LPBF melt pool thermal numerical modeling includes ANSYS, ABAQUS, COMSOL
and ALE3D. However, the major drawback of numerical modeling lies in its high computational cost,
which goes against the purpose of rapid LPBF process optimization and composition screening for

this research.
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Where t is total beam time, t’ is instantaneous time, r is beam radius, c;, is specific heat, p is density

To lower computational cost, a semi-analytical heat transfer model ( in-house, developed by Nick
Jones) rather than a full numerical model was adopted for estimating LPBF melt pool thermal profile
in this study. The adopted semi-analytical heat transfer model integrates ANSY'S numerical modeling,
the Eager-Tsai analytical modeling and CALPHAD thermal properties calculation. Its general

workflow is presented below:

First, temperature-dependent material properties and thermal effects of phase transformation for the
alloy of investigation were obtained by CALPHAD calculation using Thermal-Calc software [35] or
collected from literature. They were adopted for melt pool geometry calculation by both numerical
modeling with ANSY'S software and analytical modeling with the Eager-Tsai solution at assigned P-
V process settings. It should be noted that melt pool geometry was iteratively estimated by the Eager-
Tsai model using constant material properties at a series of temperatures in the range of 300-1000°C.
When using material properties at a certain temperature, the Eager-Tsai model estimated melt pool
geometry would give a good approximation to the Ansys-calculated one. This temperature was
referred to as “evaluation temperature”. Then the Eager-Tsai model would adopt the material property
values at the evaluation temperature to calculate melt pool thermal profile, including distribution of
temperature gradient, solidification velocity and cooling rate across melt pool during melt pool
solidification. It should be noted that the evaluation temperature varies with alloy systems and P-V
parameters. For instance, for H13 steel melt pool of P-V#4, the evaluation temperature was 780°C,
which means that when using material properties at 780°C, the Eager-Tsai analytical model and
ANSYS numerical calculation give consistent melt pool geometry estimates, even though the former
requires much less computation cost than the latter. Thus, the Eager-Tsai model with material
properties at 780°C was used for melt pool thermal profile calculation. For the H13 steel melt pool of
P-V#6, the evaluation temperature was found to be 715°C. By replacing the numerical modeling with
The Eager-Tsai calculation at the evaluation temperature, the adopted heat transfer model could
effectively decrease computational cost without scarifying melt pool thermal analysis accuracy. As

shown further in chapter 6.2, the melt pool thermal profiles calculated by this model were essential
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components for predicting LPBF melt pool microstructure of H13 steel and M2 steel. The reliability
of the model thermal calculation was supported by the good agreement between experimental

observation and the microstructure prediction across a wide P-V range.
2.1.2 Keyholing and its influence

For laser deposition, the melt pool heat transfer is divided into conduction mode and keyholing mode
[36]. Fig 3 (a) presents the physical phenomena during laser deposition in keyhole mode[37]. Fig 3
(a) shows that a deep vapor cavity, referred to as “keyhole”, occurs in the molten melt pool, which is
filled with high-temperature metallic vapor or plasma. In contrast, in conduction mode, the melt pool
does not show significant metal evaporation. Thus, unlike conduction mode, for keyhole-mode heat
transfer, heat convection by metal evaporation cannot be neglected. In the welding community, melt
pool geometry showing a large melt pool depth to width ratio (D/W) was often adopted as an indicator

for keyhole formation. An example is provided in Fig 3 (b)[38].

<¢== Flow direction of liquid metal ,Metal vapor
<= Flow direction of metal vapor

<g=== Evaporation direction
<¢== Re-solidification direction

A5
Spatter

W
Keyhole geometry

O High temperature area

B Low temperature area Liquid metal

Fig 3 laser deposition in keyhole mode: schematic of physical phenomena and molten melt pool
temperature distribution in keyhole mode (a)[37] and typical examples of the resulting melt pool
geometry by keyhole-mode laser deposition(b)[38]; keyhole-induced porosity: indicated in (b)

Keyholing is usually considered as a major source of LPBF part porosity. In keyhole mode, porosity
could be generated as a result of periodical oscillation of the vapor depression in the molten melt pool.
Keyhole-induced porosity in laser melting was experimentally observed by Cunningham et al [39]
using synchrotron X-ray imaging. Compared to porosity induced by other mechanisms (e.g., lack-of-
fusion porosity), keyhole-induced porosity presents larger dimension scale, which is detrimental to
fatigue resistance and cracking resistance of LPBF part build.
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On the other hand, the keyhole mode provides the opportunity for high-efficiency laser processing.
In key-holing mode, the vapor cavity in the molten melt pool traps the laser light, resulting in internal
laser reflection at the cavity wall and in turn greatly enhancing laser absorption. Trapp et al [25]
showed by the experimental observation that the laser absorptivity of 316L stainless steel increases
from ~0.3 to ~0.8 when laser melting changes from conduction mode to keyholing mode. A similar
observation of absorptivity increase with keyholing occurrence is also indicated in this study, as

presented in chapter 5.

Key-holing is generated by laser deposition with sufficiently high energy density to cause metal
evaporation to occur. Therefore, the P-V space leading to key-holing is generally considered to be the
space with high-power and low-scan velocity. However, recent studies[39] show that metal
evaporation could also occur in a relatively low-power range, which is consistent with the unexpected

keyholing observation with a low-power P-V setting in this study.
2.1.3 Balling and its influence

The occurrence of balling is an important factor inducing porosity in LPBF-built components. Balling
occurrence could be distinguished by melt pool geometry with “bead-up” from cross section and large
surface fluctuation of laser tracks with occasional ball formation from track top view, as shown in Fig
4[40][41].
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Fig 4 melt pool geometry variation along laser-deposited track of balling formation[40][41]: (a)
laser track top view; (a-1): melt pool cross section at bead-up location of laser track (indicated by yellow

line in (8)); (a-2): melt pool cross section at other location of laser track (indicated by green line in (a))
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Previous work [42,43] showed that balling occurrence might induce the following problems that

severely degrades the LPBF part quality:

1) the uneven laser track surface, especially the occasional “bead up” with a large cap height, might
impede smooth powder layer spreading for the successive layer build, in turn leading to defects of
cracking and porosity in the LPBF part (Fig 5). Study from Li et al[43] presents the mechanism and

experimental observation for LPBF part porosity induced by balling.

2) with balling melt pool formation, the surface roughness of LPBF part is usually unsatisfactory and

in turn results in inferior fatigue resistance and low cracking resistance.

3) the causal relation between unstable melt pool flow and balling occurrence indicates inconsistent

melt pool solidification thermodynamic along laser track deposition, which might cause
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Fig 5 balling-induced porosity: mechanism (a) and experimental observation (b)[43]

microstructure inhomogeneity in LPBF part.

Metallic balls
Fresh powder
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Forming substrate

The pores are free of filling powder

Balling could originate from two mechanisms. Fig 6 presents a P-V process map schematically
showing the process ranges for the two balling-induced mechanisms[44] [45]. The first mechanism
considers balling formation induced by unstable melt pool flow due to Rayleigh instability[46].
Raleigh-Plateau instability [46] states that the melt pool length to width ratio (L/W) has a threshold,
which makes the surface area of melt pool equal to the surface area of a sphere with the same volume
of the melt pool. When L/W ratio is higher than this threshold, the melt pool flow would spheroidise
and break up into several bead-up droplets due to the driving force to minimize surface tension. This
was usually related to the process window of high laser power (P) and high laser scan velocity(v),
since this P-V process range corresponds to high L/W value for melt pool formation, as schematically

shown in Fig 6.

Another mechanism for balling formation is related to a considerably low laser power (P). In this
case, laser energy density is sufficiently low and could not fully melt through the powder layer.
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Instead, it provides a superliquidus sintering effect [45] to the powder layer, creating the melt pool as
a solid-liquid mixture. Compared to the fully-molten metal pool, this solid-liquid melt pool has a
higher viscosity and poor wettability. Consequently, as the laser beam moves, the solid-liquid mixture
formed at each irradiating zone tends to aggregate into a string of unconnected balls with the diameter
similar to the laser beam diameter along the laser scan direction. The occurrence of this type of balling
in the process window of low laser power was observed for both DMLS and LPBF processing with
316L stainless steel [44] [45] and LPBF processing with Ti6AlI4V[38][47]. This mechanism indicates
the influence of powder for balling formation, which might help to explain the phenomena observed
in this work, namely a difference in no-powder and powder-added melt pool with balling geometry,

as shown further in chapter 6.1.2.
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laser scan velocity

Unmelted'cores Liquid

Fig 6 schematic of two balling mechanism (b1, b2) and their corresponding P-V process window(a);
P: laser power; V: laser scan velocity; (b1): balling induced by melt pool flow with Raleigh
instability; (b2) balling induced by high viscosity solid-liquid mixture melt pool flow, reproduced
from [44] and [45]

Balling could be avoided by adopting P-V parameters outside of the two process ranges in Fig 6.
Yadroitsev et al. [46] identified the P-V process window to avoid balling formation for a series of
alloy system (SS grade 904L, 316L, tool steel H13, copper alloy CuNil0, superalloy Inconel 625)
and reported that for alloy with higher thermal conductivity, the process window is narrower.
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2.2 Non-equilibrium LPBF solidification

2.2.1 Microsegregation during rapid solidification

Recently, a series of studies investigated the cooling rate of LPBF melt pool solidification by in-situ
characterization[48][49]. Hooper [49] investigated the melt pool dynamics of LPBF with Ti6AI4V
by both in-situ experimental measurement and numerical calculation, showing that the cooling rate
in melt pool varies from 10°-4x10° K/s. Scipioni [48]investigated the melt pool cooling rate for LPBF
of 316L stainless steel by integrating high imaging video in-situ measurement, COMSOL simulation
and microstructure characterization. The result shows that melt pool cooling rate could change from
108 to 7x10°K/s with different P-V parameters. These results confirm the high cooling rate of LPBF
solidification the order of 10° K/s, indicating the likelihood of solidification microsegregation
[50][51].

In this work, microsegregation was experimentally observed for LPBF melt pool of H13 steel, as
shown in chapter 6.2.1. A similar observation was also reported in previous studies for LPBF of H13
steel [52-54]. Understanding microsegregation during LPBF melt pool solidification is important in
that abundant studies reported its correlation with LPBF cracking [50,55,56].

The two extreme cases for solidification could be calculated by the equilibrium method (Equation 3)
and the Scheil-Gulliver method (Equation 4) The major difference between Scheil-Gulliver and
equilibrium solidification lies in that the former considers complete diffusion in liquid but no
diffusion in solid, while the latter considers complete diffusion in both solid and liquid.

G = Co/[fi + k(1 — )]

equilibrium solidification{ i
d Co = kCo/[(1 — £,) + K£,] Equation 3

C = Co(f)*?

Scheil solidification Ke1
Cs = kCo (1 — 1)

Equation 4

where Cq is the average solute composition in the alloy, Cs is the composition in the solid at the

solidification front, k is partition coefficient, and fs, fi is the mass fraction of solid & liquid phase.

Comparing the solidification routes estimated by these two extreme cases provides initial assessment
for the role of cooling rate on solidification microsegregation for the alloy of investigation. Fig 7
shows the comparison of equilibrium- and Scheil-calculated solidification route for H13 steel using
Thermo-Calc software[35]. From Fig 7, it shows 250°C difference in freezing mol.% of 6-Fe and

mol.% of y-Fe for Scheil- and equilibrium-conditions. These are potential consequences of
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microsegregation in H13 during rapid solidification. Further results observations are presented in
chapter 6.2.1. Compared to the equilibrium-calculated result, the Scheil-calculated result in Fig 7
might give a more proper estimation for LPBF solidification of H13 steel considering the high-level

cooling rate of LPBF process.
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Fig 7 comparison of Scheil-predicted & equilibrium-predicted solidification route for H13 steel
from Thermo-Calc [35], focusing on liquid, 8-Fe & y-Fe phases (solid lines refer to equilibrium

conditions; dashed lines refer to Scheil solidification)

The Scheil-Gulliver model is likely to provide a reasonable approximation for alloy systems with
substitutional solute such as Al-Si and Ti-Ni systems [57], but not for alloys with interstitial solutes
such as steel systems (interstitial: C). Substitutional solute diffusion in solid-state is usually slow and
could be neglected, which makes the no solid-state diffusion assumption of Scheil solidification a
safe approximation. However, Scheil-Gulliver simulation is likely to overestimate the segregation
for LPBF solidification of steel, due to its unrealistic assumption of completely excluding solid-phase
diffusion [58,59]

Considering this potential problem, this work adopts DICTRA simulation instead of Scheil to estimate
the segregation for LPBF melt pool solidification of H13 steel, as further presented in chapter 6.2.3.
DICTRA[35] is a computational tool that allows fully integration of thermodynamic and kinetic
calculation, which is expected to give a more practical estimation for H13 steel segregation under the
local thermal condition in LPBF melt pool. Several studies have adopted DICTRA for welding
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solidification investigation[60—62] and confirmed its accuracy by experimental measurement. In the
case of H13 steel LPBF solidification presented in this work, a cellular network microstructure was
observed. Correspondingly, this work adopts a planar model with ferrite, austenite and liquid as
shown in Fig 8 was used for DICTRA simulation, representing a half cellular. A similar DICTRA
model was used by Gregori and Nilsson [62] to estimate austenite% formed during solidification for
GTA welding with duplex stainless steel. They compared DICTRA simulation results with Scheil
simulation, showing a higher austenite% value predicted by DICTRA than Scheil. The experiment
results showed better agreement with the DICTRA simulation.

0.5um

I 3
v

austenite | ferrite

Fig 8 Planar model representing half cellular size used for the DICTRA simulation of solidification

segregation for LPBF melt pool of H13 steel

The difference between DICTRA and Scheil simulation for solidification microsegregation of steel
systems might arise from the influence of carbon back diffusion on steel solidification. This was
indicated by the work from Chen and Sundman [59] as presented in Fig 9. They presented a numerical
approach, referred to as “partial equilibrium” approach to estimate steel solidification
microsegregation. This approach was built on the assumption that only considers interstitial back
diffusion (C in this case) and completely neglects substitutional back diffusion (Cr in this case). Fig
9 shows great consistency between DICTRA and partial equilibrium-calculated results, while they
both show a noticeable discrepancy with the Scheil calculated results which completely ignore back
diffusion. Comparison of Fig 9 (a) and (b) shows that an increase in C% led to a larger difference
between Scheil and DICTRA results, while the agreement between DICTRA and the partial-
equilibrium result remains. The work from [59] indicates that for steel rapid solidification, it might

be safe to neglect back diffusion of most components except carbon.
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Fig 9 Solid fraction versus temperature for two steels: (a) Fe-5Cr-1C and (b) Fe—Cr-0.92%C
estimated by equilibrium-, Scheil-, DICTRA- and partial equilibrium calculation [59]

The higher accuracy of DICTRA simulation than Scheil as exemplified by [62] indicates the

significance of solid-state diffusion under welding rapid solidification condition.

Considering the similarity between welding and LPBF solidification and the fact that solidification
cooling rate is by no means uniform in the LPBF melt pool, it is reasonable to assume that some
regions with relatively lower solidification cooling rate in LPBF melt pool of H13 steel might not
present such extreme phase transformation and solute segregation as predicted by the Scheil-Gulliver
model. The different levels of microsegregation across different locations of melt pool was in fact
experimentally observed by Brook et al. [63] and Kou et al. [64] and suggests solid-state diffusion
occurs during solidification of steel with 6-Fe as primary solidification phase. Other studies [65][66]
also show that with primary solidification phase as 6-Fe, solid-state diffusion is obvious; while with

primary solidification phase as y-Fe, solid-state diffusion is not noticeable.

Besides DICTRA numerical model, Brooks et al. [67] developed finite difference solidification
microsegregation model considering solid-state diffusion in dendrite minor axis direction, which also

showed good agreement with the experimental measurement of Cr and Ni microsegregation.

Therefore, compared to Scheil, DICTRA calculation which accounts for limited solid-state diffusion
such as carbon back diffusion in H13 steel might help to develop a more realistic understanding of

the level of microsegregation for the exact local thermal condition presented in LPBF melt pool of

steel system.
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Microsegregation induced by rapid solidification is important for LPBF part quality because it could
lead to unpredictable phase transition and in turn result in cracking. The correlation between
solidification microsegregation and cracking was abundantly reported in laser-process related &
welding-related studies. For instance, microsegregation could result in impurity segregating at the
grain boundaries, in turn promoting low-melting compound (E.g., FeS) and brittle phase precipitation
at the grain boundary, and finally result in severe solidification cracking [68] [69]. Microsegregation
could also lead to cracking by remarkably increasing freezing range to result in a different type of
eutectic reaction at the location with segregated composition or influence the liquid distribution at the

terminal stage of solidification to promote cracking propagation [56][70].

These unexpected microstructure evolutions induced by microsegregation was experimentally
observed to result in severe cracking in weldments [68,71-73]. These problems observed for welding
solidification indicate the likelihood of microsegregation during rapid solidification of LPBF, which
might in turn induce cracking in LPBF product. This was the case for H13 steel LPBF-melt pool
solidification presented in this work, which suggests microsegregation to cause microstructure
inhomogeneity in H13 steel LPBF-melt pool, which in turn influenced the cracking tendency of H13
cubes (see chapter 6.3.1).

2.2.2 Columnar-to-equiaxed transition during rapid solidification

Thermal analysis for LPBF single track [13] shows that solidification of the as-deposited melt pool
not only experience high values of temperature gradient (G) and solidification velocity (R), but also
shows large variation for G and R at different locations within the melt pool. For instance, Fu and
Guo [74] estimated melt pool thermal profile for LPBF processing with Ti6Al4V using a three-
dimensional finite element (FE) method, showing that the average temperature gradient reaches the
order of 10° K/mm in top half of melt pool but only 10* K/mm at bottom half, and that the temperature
gradient increases as laser power increases, as does the extent of variation. This thermal profile with
high, yet varied G- and R-value in LPBF melt pool suggests the possibility of columnar-to-equiaxed
transition (CET) according to the analytical model proposed by Hunt [75] and a series of revised
model based on it, such as the model developed by Gdumann et al [12]. This CET model will be

detailed further in chapter 6.2.4 and briefly discussed here.

Models of the CET determine the influence of G and R on dendritic tip undercooling. Generally,
during LPBF melt pool solidification, columnar grain morphology was favored to form as a result of

epitaxial growth from the previously deposited substrate and unidirectional heat flux. Hunt’s model
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[75] states that the growth of columnar or equiaxed grain was dictated by the volume fraction of
equiaxed grain. They used a concept of extended equiaxed volume fraction (¢e) as defined in
Equation 5 and proposed the criteria as in Equation 5 for fully equiaxed microstructure. One variable
involved is radius of equiaxed grain, which could be considered as the time integral of equiaxed grain
growth velocity(V,). It could be further be derived as the integral of undercooling as shown in
Equation 6 if assuming steady state condition, which gives dAT/dt=GR. By combining Equation 5
and Equation 6, the criteria for fully equiaxed microstructure could be derived as function of

temperature gradient (G), undercooling (AT) and nuclei density (No), as shown in Equation 7.

fully equiaxed when ¢ = %Noﬁ > 0.66 Equation 5
ftV dt * Aot dAT Equation 6
r = = uation
0 ¢ ATy GRcy d
fully equiaxed when G < 0.617N,'/3[1 — (AATT”)3]ATC Equation 7

Where ¢ is extended volume fraction of equiaxed, No is nuclei density, r is equiaxed grain radius,
I, is equiaxed grain growth velocity, G is temperature gradient, R is solidification velocity, AT is
dendrite tip undercooling, AT, is columnar growth front undercooling , ATy is heterogeneous

nucleation temperature, c, is composition.

As further presented in chapter 6.2.4, G and R condition are important factor for AT. Above equations
indicated two approaches to manipulate the CET: one is composition modification to influence nuclei
density by adding nucleant particles; the second is LPBF process control to affect G, R-profile for
melt pool solidification by selecting different process parameters. In this study, the second approach
was adopted, which developed a P-V process mapping for CET control specified for LPBF of M2

steel, as presented in chapter 6.2.4.

The CET transition was not only numerically predicted, but also experimentally observed in melt pool
created by AM process. Bermingham et al[76] fabricated Ti6Al4V by wire+arc additive
manufacturing (WAAM). By experimentally measuring temperature gradient and approximating the
solidification rate as deposition rate, Bermingham et al [76] predicted on the basis of G-R
solidification map that CET transition would occur for the process condition of investigation. They
then validated their prediction as WAAM-processed Ti6Al4V with corresponding process conditions

all presented a columnar+equiaxed grain mixed microstructure. Wei et al [77] showed that for IN718
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alloy fabricated by laser-assisted AM process, CET transition took place at the upper part of each
layer, creating a mixture of columnar and equiaxed grain in the as-built microstructure. They [77]
then estimated the G- and R-value for the experimentally tested process condition using a heat
transfer-fluid flow coupled numerical simulation. The predicted G-R value also suggests mixed
columnar-equiaxed microstructure, consistent with the experimental observation. As shown by the
previous studies, G-, R-profile during melt pool solidification could be effective indicators to predict

the existence of CET microstructural transition for LPBF process.

As shown above, understanding CET in LPBF melt pool solidification is of significance for LPBF
microstructure control. Besides, abundant welding studies showed the correlation of hot cracking
susceptibility with CET tendency in the weldments [78][79][80][81]. The correlation between CET
tendency and cracking observed in welding might be extended to LPBF processing considering that
LPBF presents similar thermal condition as that of welding [82]. This indicates the great research

value for investigating CET under LPBF solidification condition.
2.2.3 Solidification mode transition during rapid solidification

During LPBF melt pool solidification, the phase transformation of the alloy might be altered by
choosing different LPBF process parameters (laser power, scan speed, preheat temperature, etc.). This
was indicated by abundant welding-related studies showing that increasing traveling speed of the heat
source (laser, electron beam, arc, etc.) led to transition of the primary solidification mode for various
weld alloys. Two examples are shown in Fig 10[83] and Fig 11[71] for electron beam welding of Fe-
Ni-Cr alloys and laser welding of 304 stainless steel. The first example was provided by the study of
Elmer et al[83], which investigated seven Fe-Ni-Cr alloys across wide Cr/Ni composition range. Their
equilibrium solidification mode was presented in the phase diagram in Fig 10(a), covering primary
austenite solidification (alloys #1 and #2), primary austenite solidification (alloys #5-#7),
ferrite+austenite eutectic solidification mode (alloys #3 and #4). Fig 10(b) presents the solidification
mode of single-track welds for each alloy made by electron beam scanning across a wide range of
beam scan speed. Comparison between Fig 10(a) and (b) shows that at low scan speed, each alloy
presents the same solidification mode as the phase diagram prediction. However, at high scan speed,
all the alloys present different solidification mode than the phase diagram prediction. This study
shows the feasibility for rapid solidification processing such as electron beam welding to alter
solidification mode of Fe-Ni-Cr alloys across a wide composition range, as long as beam scan speed
achieves a critical value. Fig 10(b) shows that this critical beam scan speed varies with alloy
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composition but generally lies in the range of 100-1000mm/s. This is in line with the process range
of LPBF laser scan tests investigated in this study, indicating the possibility for LPBF to alter the
primary solidification mode for the alloys of investigation (tool steel, Ti6Al4V-xB) by choosing
different P-V parameters selected in this study. This was indeed the case for LPBF processing with
Ti6Al4V-xB investigated by this study, as shown further in chapter 7.7.
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Fig 10 Vertical section of Fe—Ni—Cr phase diagram at 59% Fe showing the equilibrium
solidification mode of seven alloys of investigation (a) and solidification mode of electron beam
welds as a function of beam scan speed for the seven investigated alloys (b); in (a) and (b): letter L,
A, F indicate liquid phase, primary austenite phase and primary ferrite phase, respectively; in (b):
both solidification mode and microstructure morphology were summarized [83] [21]

Similar to the study of Elmer et al [83] and Nishimoto and Mori [71] also showed that for laser
welding of 304 stainless steel, a typical austenitic steel, its solidification mode was altered from
primary ferrite to primary austenite solidification mode as laser scan speed increases, as shown in Fig
11. They adopted a theoretical model to predict the solidification mode transition. This model was
based on the principle of competitive growth mechanism [84], which determines the primary
solidification phase as the phase with higher solidification front temperature. They adopted the tip
undercooling equation model from Kurz—Giovanola—Trivedi [85] to estimate the solidification front
temperature. The detailed description for this model is shown further in chapter 7.7. Nishimoto and
Mori [71] showed that the model prediction agreed well with the experimental results. Several studies
[86] [87][88] adopted the competitive growth model to predict solidification mode transition for

welding of Al-Si alloy, Al-Cu alloy and H13 tool steel, which all reported good consistency between
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prediction and experimental observation. These studies supported the applicability of the competitive
growth model to estimate solidification mode transition under laser welding condition and hence
LPBF condition considering the analogy between LPBF solidification and laser welding
solidification. In this regard, the competitive growth model was adopted in this research for theoretical
analysis of solidification mode transition observed for LPBF of Ti6Al4V-xB, which will be shown

further in chapter 7.7.
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Fig 11 Effect of laser welding velocity on solidification mode and hot cracking susceptibility for
304 stainless steel laser welding; letter “AF”, “FA” denote primary austenite solidification and
primary ferrite solidification mode respectively; “FA+AF” mode: schematically shown in the figure
on the right [71]

Understanding solidification mode transition in LPBF process condition is important, as solidification
mode dictates the phase constituent and microstructure morphology for the solidified melt pool, which
have a fundamental influence on LPBF part quality. Abundant welding-related studies [89][90][71]
[88] showed that primary solidification phase is an important factor for weld cracking susceptibility.
Therefore, continuous efforts have been made to develop process maps and composition maps for
solidification mode selection, such as the one shown in Fig 11. Such process maps were developed
for welding processing with a series of stainless steels as summarized in the review of LIPPOLD [89],

which were experimentally proved as effective indicators for weld cracking control.
2.3 LPBF of tool steel

In this study, LPBF process with tool steel was investigated, with H13 steel and M2 steel as the

materials of focus. H13 steel is a typical hot work steel, commonly adopted for application in forging
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dies, extrusion dies and pressure die casting [91][92]. It is designed with a relatively high chromium
content (3-5.5%, wt.%) to achieve better resistance to heat softening [91][93]. M2 steel is one of the
most popular steel grades for cutting tool fabrication[94]. It has a similar chromium content (~4 wt.%)
as H13 steel, but it is heavily alloyed with tungsten (~6 wt.%) and molybdenum(~5 wt.%), and its
carbon content (~0.8 wt.%) is twice that of H13 steel(~0.4 wt.%). It exhibits a combination of high

strength, excellent wear resistance and high hardness at elevated temperature[95].

Recently, LPBF technique has received great interest from the tooling industry. The unique layer-by-
layer part production process for LPBF provides it a series of advantages over conventional
manufacturing technique for tooling component fabrication, including fabricating components that
are geometrically unachievable by conventional manufacturing, expediting prototyping process or
low volume production, and allowing customized design for metallic components. Tool shape is often
geometrically complicated as it needs to be customized for each manufacturing process, and the
optimized tool shape is usually determined by a series of trial prototypes. LPBF process is a promising
choice for tooling production to cope with the increasing need for geometrical complex tools as well

as rapid tooling prototyping[78].

Although the geometrical requirements can be satisfied, LPBF-fabricated tooling components often
fail to meet mechanical properties due to processing-induced defects, including porosity, warping,
distortion, cracking and delamination. For the two steel grades (H13, M2 steel) under investigation,

one of the most common defects reported for their LPBF-processed parts is cracking,

So far, some investigations have been conducted to understand the connections among process
parameter, microstructure and cracking in LPBF part builds with H13 steel and M2 steel as

summarized below:

For H13 steel, Narvan et al [96]observed long cracks traversing from surface to center of LPBF-built
H13 steel parts and Krell et al [52] measured crack densities as high as 50 m/mm?. Cottam et al
[98]showed that residual stress in H13 parts could be modified by changing the laser scan pattern,
which should change both the cracking and fatigue resistance. Mertens et al [99] showed that H13
steel parts built at a preheat temperature at 400°C showed enhanced mechanical properties (hardness,
Young’s modulus, etc.) than ones built at preheat temperatures of 200°C and lower. Krell et al [52]
showed that increasing preheat temperature from 100°C to 300°C led to a decrease in crack density
of H13-steel parts. All these studies reported a noticeable increase in retained austenite vol.% in the
H13 parts built at higher preheat temperatures. For M2 steel, Liu et al [100], Asgharzadeh and Simchi
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[101] both investigated LPBF fabrication of M2-steel parts with various process settings tested,
including varied scan pattern, laser power, scan velocity and preheat temperature. In their results,
pronounced cracking was observed for all the M2-steel components except that produced with 200°C
preheat temperature.

However, the cracking mechanism for H13 steel and M2 steel was not yet determined due to lack of
in-depth microstructure study. For instance, there is an unresolved question about LPBF
microstructure of H13 steel: Cottam et al [97] reported a refined cellular network microstructure with
the major constituents as martensite and retained austenite. Similar microstructures were also
observed in the above-mentioned studies on cracking of LPBF-processed H13 steel, including the
work by Mertens et al. [99] and Krell et al. [52]. However, these studies do not address questions
about how the cellular microstructure evolves, how cracking initiates, and how wide ranges of LPBF

process parameters influence microstructure.

Previous studies on LPBF of H13 steel and M2 steel as shown above suggests that cracking is at least
partially related to microstructure unpredictability and instability for LPBF-processed H13 and M2
steel. LPBF solidification occurs with steep temperature gradients, rapid cooling rates and is often
combined with complicated melt pool dynamics including Marangoni flow and metal evaporation.
After melt pool solidification, further microstructural changes could occur as a result of repeated
thermal cycling due to successive track and layer deposition. These factors introduce microstructure
inhomogeneity in the as-deposited melt pool. Fig 12 presents the equilibrium and Scheil-calculated
solidification route for M2 and H13 steel, with the former showing a much smaller freezing range
than the latter. Scheil calculation indicates rapid solidification condition. In this regard, the larger
freezing range for the Scheil-calculated solidification route as shown in Fig 12 suggests a much higher
solidification cracking tendency for M2 and H13 steel when they go through the non-equilibrium

rapid solidification such as in LPBF process.
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Fig 12 Solidification phase transformation for M2 steel (left) and H13-steel (right) calculated by
Scheil-Gulliver Model; symbols:é-Fe: ferrite: y-Fe: austenite: MsC, M7Cs, MC: carbide

However, for LPBF of H13 steel, previous studies mostly focus on investigating the influence of
preheat temperature on thermal-induced cracking, leaving the influence of non-equilibrium
solidification on the cracking tendency of LPBF-processed H13 steel unexplored. A series of studies
on LPBF and laser-related processing technology showed the capability of P-V parameter to alter
solidification behavior and in turn leading to change their cracking tendency[55,71,102-104]. While
for LPBF of H13 steel and M2 steel, the effect of P-V process parameters on their LPBF solidification
microstructure and cracking tendency has not yet been investigated in detail.

In this regard, this study investigated the influence of P-V parameters on LPBF-processed H13 steel
microstructure, using a sequence of single-tracks, multi-tracks and cubic samples, and showed that a
fraction of tested P-V process parameters led to noticeable microstructure inhomogeneity for LPBF
melt pool of H13 steel. By integrating DICTRA simulation, melt pool thermal profile calculation and
experimental characterization, we presented a mechanism to explain the aforementioned question
about cellular microstructure evolution in LPBF-microstructure of H13 steel and a P-V process for
microstructure inhomogeneity tendency. We also showed that the presented P-V process window for
microstructure inhomogeneity could be used as guidance to predict LPBF cracking tendency for H13
steel. The results from this work can be used to both understand melt pool microstructure development

and guide process optimization of H13 steel parts produced by LPBF.

For M2 steel, one of the major findings in this study is that a fraction of tested P-V process parameters
led to columnar-to-equiaxed transition (CET) in the LPBF melt pool of M2 steel, leading to
columnar+equiaxed mixed microstructure, while other P-V parameter led to fully columnar
microstructure. The correlation between hot cracking susceptibility and CET tendency in weldments
was widely reported in previous studies, as summarized in chapter 2.2 earlier. This suggests the
possibility that for LPBF-processed M2 steel, cracking might be controlled by manipulating LPBF
microstructure (columnar/equiaxed). In this regard, this study focus on understanding how P-V
process condition can be manipulated to achieve different microstructure (columnar or equiaxed) for
M2-steel solidification under LPBF condition and developed a P-V processing map to provide
guidance for LPBF columnar/equiaxed microstructure control. Following the same experimental
framework, future studies could develop a similar P-V process map for LPBF with other alloy

material of interest, which might be helpful for understanding and controlling LPBF microstructure.
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2.4 LPBF of Ti6Al4V-xB

The material system Ti6Al4V-xB was chosen for this study because of the prevalence of Ti6Al4V as
an LPBF material and the possible benefits of B additions as observed for traditional Ti6Al4V-xB.
Boron-modified Titanium alloy is a promising material candidate for aerospace and naval industry
since it combines light weight and good toughness of titanium alloy matrix with the high strength and
stiffness of the TiB ceramic precipitates [105-107]. TiB precipitate is an ideal choice as titanium
matrix reinforcements, owing to its unique advantages over other ceramic precipitates, such as TiC,
SiC and TiB2 [108-111]: Firstly, TiB has a much higher strength and modulus but similar density as
titanium, leading to efficient strength and stiffness enhancement for titanium alloys without weight
increase. Secondly, TiB precipitates show excellent chemical and thermal stability in titanium matrix
even at elevated temperature, which ensures that the property enhancement by TiB reinforcement is
not degraded at high temperature. Thirdly, TiB has a similar thermal expansion coefficient as titanium,
which minimizes the problem of thermal stress formation at TiB-Ti matrix interface. Fourth, TiB
precipitates in a titanium matrix could lead to a significant refinement effect for prior 3-Ti and a-Ti
grains [112][113]. The possible reason is that TiB precipitates might act as pinning sites to restrict
prior B-Ti and a-Ti grain growth. These advantages bring evident property enhancement for B-added
titanium alloy compared to their boron-free counterpart, including enhancement in wear resistance,

fatigue resistance and elevated-temperature performance [108,109,113,114].

However, B-added titanium alloy, especially with high-B% addition in the hyper-eutectic B% range,
faces a major risk of forming coarse primary TiB precipitates in the Ti-matrix, which might greatly
degrade ductility and fracture toughness due to premature fracture initiation from these coarse TiB
particles [106]. Therefore, control over TiB precipitate size is crucial to obtain a good strength-
ductility combination for B-added titanium alloy. In addition to TiB precipitate size, the morphology
and distribution of TiB precipitate as well as Ti-matrix microstructure, such as prior (3 grain size and
morphology, all greatly influence the effectiveness of TiB-TMC material property enhancement
(TMC: titanium matrix composite) [105][106][115]. Wang et al [116] tailored TiB-reinforced
Ti6Al4V composite microstructure with a novel TiB network architecture using a complicated
reactive hot pressing (RHP) process, which was reported to result in not only significant
improvements in creep resistance but also a higher ductility compared to the counterparts with
uniformly distributed TiB whisker microstructure. This unique TiB network microstructure showing

enhanced performance was also observed by Fan et al [117] for TiB-Ti composites fabricated by melt
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spinning process. However, these manufacturing approaches, including the RHP and melt spinning
process, usually involve a complicated multi-step fabrication route, with disadvantages such as high
energy consumption and tedious secondary forming process, and thus in turn results in high price of
TiB-TMC material. The problems of coarse TiB precipitate formation at high B% level and
fabrication difficulties might be potentially addressed by laser-based additive manufacturing (AM)
technology. Banerjee et al [115][118] compared the microstructure of Ti6Al4V-2B (wt.%) produced
by laser-engineered net shaping (LENS) process and by traditional arc melting process and observed
that the average size of arc-melted and laser-deposited primary TiB precipitate was around 100pm
and 2.5 um, respectively. Besides, the unique TiB network architecture tailored by Wang et al. and
Fan et al. as mentioned earlier[116] [117] was successfully fabricated by LENS-processing of Ti-
1.6B(wt.%) material [119], and greatly enhanced yield strength compared to the counterpart with TiB

whisker microstructure was reported.

LPBF process might be a promising fabrication approach for B-added titanium alloy since its rapid
solidification characteristic might potentially lead to effective TiB precipitate size refinement that is
not achievable by traditional fabrication routes. However, LPBF fabrication of TiB-TMC material
has only been explored by limited studies [120-123], with a very small TiB-TMC composition range
investigated (TiB vol% limited in ~5% to ~7% vol.%), and the range of AM process settings tested
for each composition are also highly limited. Titanium matrix composite (TMC) fabrication by LPBF
processing has been studied using a powder mixture of pure Ti mixed with CrB2[121], B4C [123] and
TiB2 [120][124]. The results showed promising grain refinement and property enhancement (yield
stress, wear resistance, corrosion resistance) compared to the LPBF-fabricated commercially pure Ti.
, B-modified Ti6Al4V alloy with B% from 0.1-0.25 wt.% was investigated with wire-feed laser
directed energy deposition (L-DED) AM process, with prior- grain refinement and mechanical
property enhancement observed [125][126]. With such large LPBF process space and TiB-TMC
composition space unexplored, it is far from enough to fully understand the microstructure

engineering potential of LPBF processing for -added titanium alloy.

The current status of insufficient investigation for LPBF-processing of Ti6Al4V-xB might be partially
related to LPBF powder unavailability for Ti6Al4V-xB alloy systems. In this regard, this work
employed the powder-free methodology (see chapter 1.1) to identify Ti6Al4V-xB compositions
suitable for LPBF processing by evaluating four different Ti6Al4V-xB compositions over a wide

composition range from 0-10 wt.% B, with each composition tested over a large P- V space. The high-
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B% Ti6AIl4V-xB selected in this study might show the capability of LPBF to fabricate metal matrix
composite (MMC). 70 different combinations of B wt.% composition and P- V process parameter
were investigated in this study, resulting in melt pools with very different geometries, microstructures
and hardness. Some unique microstructures were observed, such as sub-micron-size TiB cellular
networks. From the current results, a few promising P-V-B% combinations were identified, which
would be considered for future powder production and further investigation. The abundant
microstructural information for the total 70 different [B%, P, V] combinations presented in this study

might also be used as experimental validation data for many LPBF microstructure simulation models.

In addition, microstructure process mappings were constructed for each selected Ti6Al4V-xB
composition based on melt pool characterization, showing how TiB microstructure alters in LPBF P-
V space for different Ti6Al4V-xB compositions ranging from 1wt.% to 10 wt.%B. Furthermore, this
study introduced an analytical model to develop the LPBF solidification mode transition criteria as
an integrated function of LPBF P-V parameter and B% of TiB-TMC material. This analytical equation
model, combined with the experimentally-observed microstructure Q-V mapping, show theoretically
and experimentally that certain LPBF P-V windows could lead to coupled-eutectic solidification even
for high-B% hyper-eutectic Ti6AlI4V-xB material, which in turn lead to the unique TiB network
microstructure. The equation model and the experimental Ti6Al4V-xB microstructure Q-V mapping
might provide some useful guideline on selecting the appropriate Ti6Al4V-xB composition range and

LPBF P-V window for TiB-TMC microstructure engineering,
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3 Hypotheses and Approach

This work investigated LPBF process-microstructure-property relation for tool steel (grades: H13,
M2) and Ti6Al4V-xB (x=1,2,5,10 wt.%) based on a powder-free methodology. In the current work,
the following hypotheses were investigated:

1) For the same P-V parameters and alloy compositions, melt pools generated by laser re-melting
bulk alloy surface (no-powder case) are representative of the dimension, geometry and microstructure
of melt pools generated by laser melting of bulk alloy substrate with one powder layer addition

(powder-added case).

e This was evaluated by experimental measurements. The dimension approximation was considered
to be reasonable if the difference between no-powder and powder-added melt pool width
measurement is within 7%. The geometry approximation was considered to be reasonable if P-V
maps of no-powder and powder-added melt pool geometry provide the same P-V windows for
balling, keyholing and undermelt. The microstructure approximation was considered to be
reasonable if the same microstructure constituents are present in both melt pools. As detailed
further below there are cases where significant inhomogeneities exist in the microstructure of a
single melt pool. In these cases the no-power case was taken to be similar to the powder-added
microstructure if the difference in local vol% of inhomogeneous microstructure for no-powder and
powder-added H13-steel melt pool was within 10%.

2) LPBF melt pools of H13 steel and M2 steel were observed to show microstructure inhomogeneity.
The source of the observed inhomogeneity was local thermal condition variation at different regions

in the melt pool during solidification:

For H13 steel, the local cooling rate variation in melt pool result in different microsegregation

behavior at different regions in the melt pool, in turn causing melt pool microstructure inhomogeneity.

For M2 steel, the local temperature gradient and solidification rate variation in melt pool causes

columnar-to-equiaxed transition to occur in the melt pool.

e Evaluation approach: comparison between microstructure prediction and experimental observation.
For H13 microsegregation predictions made by coupling DICTRA simulation and melt pool

cooling rate simulations. For M2, microstructures were predicted by coupling of G-R thermal
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criteria for CET occurrence with simulated melt pool G- and R-profile (G: temperature gradient;

R: solidification velocity)

3) For LPBF processing of Ti6Al4V-xB system, the rapid solidification during melt pool deposition

leads to non-equilibrium coupled-eutectic solidification for hyper-eutectic Ti6Al4V-xB material

Evaluation approach: comparison between P-V map for solidification mode (predicted) and P-V
map for solidification microstructure (experimental). The Ti6Al4V-xB solidification mode was

predicted by a model based on the competitive growth principle.
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4 Experimental
4.1 Materials

4.1.1 Tool steels

Two tool steel grades were investigated in this study, which are M2 and H13 steel. For H13 steel,
both powder sample and bulk plates were used for laser scan tests. For M2 steel, only bulk plates
were used. Table 1 showed the chemical compositions for bulk M2, H13 steel plate and powder H13
steel material, measured by Inductively Coupled Plasma Spectroscopy (ICP) and Carbon-Sulfur
analysis (LECO combustion equipment). The bulk M2 and H13 plates were commercially available.
The plate surface was polished and cleaned before the laser scan tests, which gave +2um surface
finish. H13 steel powders were produced by gas-atomization, supplied by LPW Technology Ltd.
Powder size distributions are shown in Fig 13, showing an average powder size as 19 um. Powder

flowability was characterized, with the result presented in Table 2, suggesting good powder
flowability.

Table 1 chemical composition (wt.%) of M2-, H13-steel bulk plate and H13-steel powder
determined by ICP-AES and LECO Combustion

Element w Cr Mo Mn \V Ni Si C Fe
M2-bulk 6.0 4.0 47 0.3 1.83 0.25 0.3 0.86 Bal.
H13-bulk NA 4.9 1.25 0.4 0.75 0.16 1.1 0.40 Bal.
H13-powder NA 5.2 1.3 0.3 1.0 0.1 1.2 0.37 Bal.
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Fig 13 size distribution of H13 powder particles used in this work
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Table 2 characterization result for powder flowability

. Apparent Tapped Hausner Ratio
Material Density(g/cm®)  Density(g/cm®)  (Tapped/Apparent) BFE(mJ)  SE(mJ/g)
H13-powder 4.1 5 1.23 756 2.78

4.1.2 Ti6Al4V-xB

Five Ti6Al4V-xB compositions (x=0, 1, 2, 5, 10, wt% B) were selected for evaluation. The pseudo-
binary phase diagram for the Ti6Al4V-B system is shown in Fig 14, which is calculated at constant 6
wt. Al% and 4 wt.% V for the Ti-Al-V-B quaternary system. The diagram was generated by Thermo-
Calc software [35], using data for the Ti-Al-V-B quaternary system from the COST507 light metal
database [127]. All alloys selected were expected to form only TiB, except for Ti6Al4V-10B, for
which some primary TiB2 was expected. The compositions were selected to compare hypo- and
hyper-eutectic alloys, and to assess melt pools containing various TiB precipitate vol.%, as shown
later in Fig 56.

2400 1%B 2%B 5%B 2078 10%B

2200 1 I | (8:8)
P 1 L

1 ] 1613 1

}LeTis,|_L#ThB

2000

-
— 1800 (1.5) L+ TiB .
|&) L L+BI 0 1
‘§1sooJ" —_—— A ——
=] 1598 i .
g‘ 1400 I : L+p+ TiB : g+ TiB :
Q 1200 L 915
£ [ 1 I
® el (7.0)
= 1 I 1 1

800 1 I a+B+TiB 1 _ B+TiATIB

000 1 | a+B+Ti; A+TIB ]

! 0.0 2..0 4.0 * 6.0 8.0 10..0 . 12.0 ™

A\ Ti6AIaV BY%(Wt.%) TiBAI4V-12wt.%B

Fig 14 Pseudo-binary phase diagram of Ti6Al4V-B system: trial compositions of this study
indicated by red dashed line

The test materials were fabricated by arc-melting charges of B powder (supplier: Alfa Aesar) and
bulk pieces of Ti6AI4V (supplier: ATI) under Ar atmosphere, holding in a well-stirred molten state
for 50-60s before cooling. For each trial Ti6Al4V-xB compositions, multiple alloy ingots
(approximately 35g each) were fabricated. Each ingot was re-melted 4-5 times to ensure composition

homogeneity. The B content of the alloy buttons, especially their local B content at the near-surface
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region, was confirmed by examining the vol% of TiB precipitates measured by image processing with
SEM backscattered electron images using grey-scale contrast in ImageJ software [128], as presented
in chapter 7.1. After re-melting, the arc-melted ingots were then machined into disk-shape (diameter
28mm; height 6mm) as schematically shown in Fig 15(a), in order to fit in the pockets of a customized
button holder (Fig 15(b)) for the EOS M290 machine used in this study. They were referred to as

buttons in this paper.

(a) (b)
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Fig 15 Schematic diagram of (a) Ti6Al4V-xB alloy button; (b) button holder in the EOS M290

machine

4.2 LPBF laser scan experiments

Laser scan experiments were performed with an EOS M290 metal LPBF AM machine. This machine
is equipped with a diode-pumped Yb laser with beam focus diameter of 100 um and maximum power
of 400 W. All experiments were conducted under Ar atmosphere. The preheating temperature was
35°C for tests with Ti6Al4V-xB and 80°C for tests with tool steels, which are the EOS M290 program
default setting for part build with Ti6Al4V and 316L stainless steel.

It should be noted that for the Ti6Al4V-xB test, a customized button holder as shown in Fig 15(b) was
used to position and fix the Ti6Al4V-xB button samples on the build plate of the EOS M290 machine
and to ensure the button surfaces were maintained at the same level. The holder could be flipped so

that laser scans could be made on both sides of the button.

A series of laser scan tests were carried out as shown in Table 3, reported with the test material and
number of P-V sets tested for each case. In Table 3, no-powder test was referred to laser scan
conducted directly on the surface of bulk alloy (Ti6Al4V-xB arc-melted button or tool steel plate).
Powder-added tests were only conducted for H13 steel, which referred to laser scan by spreading one
layer of H13 powder across an H13 tool steel plate. The thickness of the powder layer is 20um, which

is the default powder layer thickness for steel part build suggested by EOS M290 machine. The
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purpose of conducting both no-powder and powder-added test was to evaluate the influence of powder

presence on melt pool solidification.

Table 3 List of LPBF laser scan tests conducted in this work with number of P-V sets (P: laser

power; V: scan velocity), material and laser scan pattern adopted in each laser scan test

material LPBF laser scan test
Material state Laser scan pattern Number of P-V sets
Single-bead 40
No-powder
Multiple-bead 19
H13 steel Single-bead 40
Powder-added
Multiple-bead 19
: multiple-bead
3D-cube build +66° rotate per layer 8
M2 steel No-powder Single-bead 28
Single-bead 14
Ti6Al4V .
1. 2.5 Wt.%B No-powder Multiple-bead 3
overlap-bead 3
Ti6AI4V-10wt.%B No-powder Single-bead 14
Ti6Al4V No-powder Single-bead 14

As shown in Table 3, for Ti6Al4V-xB, three types of laser scan experiments were conducted in no-
powder version, referred to as single-bead, multiple-bead and successive-bead, as schematically
shown in Fig 17(a), (b), (c). For single-bead laser scan experiment, one button per Ti6Al4V-xB trial
composition was used, and seven single-tracks (length:13mm, 2mm spacing between tracks) were
made on each side of the Ti6Al4V-xB button, as shown in Fig 17(a). Each track adopts a different P-
V setting, as listed in Table 1. Therefore, 14 different P-V settings were tested per trial TIGAI4V-xB

composition.

Selection of the 14 P-V settings was guided by the processing map approach [129] to effectively
reduce the number of trial P-V settings required to investigate melt pool solidification with different
thermal conditions. Based on the processing map approach, the cooling rates for the P-V settings were
first estimated from the Rosenthal solution in Equation 8 [21] using the data listed in Table 5. P-V

combinations with similar cooling rates were connected to obtain constant-cooling curves. The 14 P-
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V settings in Table 4 were selected, which form four constant-cooling curves (solid lines in Fig 16).

T = 21K(Tso1 — To)(Tiiq — T(,)nlP Equation 8
Where T is average surface cooling rate between melt pool solid/liquid boundary at the maximum
length of melt pool along laser scan direction, Ts,;, Tjiq are solidus & liquidus temperature, Ty is
temperature far from melt pool, taken as preheat temperature for the laser scan test, k is thermal
conductivity, V is laser scan speed, P is the laser output power, 1 is absorptivity, which was obtained

from an absorptivity model discussed later in this paper.

Table 4 P-V settings tested for Ti6Al4V-xB single-bead laser scan test

(P: laser power; V: scan velocity)

#track  #1  #2 #3 #4  #5  #6  #7  #8 #9 #10 #11 #12 #13 #l14

P(W) 280 280 280 280 215 215 215 115 115 155 155 155 215 370

V(mm/s) 800 1200 1600 2200 580 800 1200 580 800 580 1200 1600 1600 1050

Table 5 Alloy properties used for calculation [29,130,131]

. - Density .
. - Melting temperature  Thermal conductivity Heat capacity
Material ~ Absorptivit k
vty (K) (W/m - K) e 0/ke )
Ti6Al4V  Equation 10 1913 6.7 4430 526
H13-steel Equation 10 1681 25.9 7750 460
400
300
g 4
@
5 ]
® P-V set tested
] 105 K/s
8x105 K/s
3x105 K/s
° 2x105 K/s
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Scan speed [mm/s]

Fig 16 Selected P-V sets for Ti6Al4V-xB laser scan test with lines of constant cooling rate

approximated from the Rosenthal equation (Equation 8); P-V value: see Table 4
54



Multiple-bead and overlap-bead tests were conducted for Ti6AlI4V-1,2,5 wt.%B but not Ti6AlI4V-
10%B, in that Ti6Al4V-10%B was screened out as inferior composition based on the single-track
experiment results. This will be presented in chapter 7.6. For multiple-bead experiment, a single-layer
pad (L:15mm; W:13mm) was created on each side of button surface, as shown in Fig 17(b), while for
overlap-bead experiment, a two-layer pad was created (Fig 17(c)): In the first layer, laser beam
deposited on button surface to create a pad (15mm*13mm), shown as the red region in Fig 17(c); in
second layer, laser beam deposited on the previously-formed pad with same scan direction but
different [P, V, hatch spacing] setting, which was adjusted to have smaller energy density than first-
layer laser scan. Thus the second-layer pad was created with a much smaller melt pool than that of
first-layer, marked as the yellow region in Fig 17(c). For each Ti6Al4V-xB composition of selection,
three arc-melted buttons were used for fabricating 3 1-layer pads and 3 2-layer pads. Each pad was
created by a different [P, V, hatch spacing] process setting as listed in Table 6. In Table 6, P-V #a-#c
were used to create the 1-layer pads and also the first-layer of 2-layer pads. P-V #ao-#co were used

to create the second-layer of the 2-layer pads.

a b C ,
( ) Glaser head ( ) @gnq ( ) P'V#f,_D overlap pad
i laser track ) PV#iol A regular pad
§
2
o S Ty

Fig 17 schematics of three different laser scan experiment to fabricate (a) single-track, (b) single-

layer pad, (c) 2-layer pad on the arc-melted Ti6Al4V-xB buttons

The selection of P-V #a-#c in Table 6 was guided by single-track melt pool observation. They are P-
V set #2, #6 and #7 in Table 4. As shown further in chapter 7.4.1 and 7.3.2, they cover up all types of
single-track melt pool microstructure observed for Ti6Al4V-1,2,5 wt.%B microstructure P-V process
mapping(Fig 62), and meanwhile all fall in the porosity control process window developed for each
Ti6Al4V-xB trial compositions(Fig 60). For the 2-layer pads, the P-V sets for the second-layer scan,
i.e., P-V #ao-co, were determined by scaling their corresponding P-V sets for the first-layer scan, i.e.,
P-V #a-c, according to Equation 9, which were expected to result in melt pool depth (Dwmp) for the
second-layer pad as 1/4 of Dwmp for first-layer pad. Dwmp for first-layer pad was approximated from the

melt pool depth measurement for single-track with corresponding [B%, P-V] combination. It should
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be noted that for the three Ti6Al4V-xB trial composition, hatch spacing for the same P-V setting was
different, which was determined by scaling the melt pool width measured for single-track with

corresponding [B%, P-VV] combination by a nominal overlap of 30%.

Table 6 laser P-V settings tested for Ti6Al4V-xB multiple-bead and overlap-bead laser scan test

#Pad #a #b #e #ao #bo #co

P(W) 280 215 215 140 108 108

V(mm/s) 1200 800 1200 1800 1200 1800
Hatch spacing vary with different Ti6Al4V-xB composition

(#i: regular pad, #io: overlap pad on #i)

npP
enpC(Tiq + Tsor — 2Tp)V
Where Dyp is melt pool depth, p is density, C is heat capacity, e is Euler’s number, 1 (laser

Dyp ~ Equation 9

absorptivity) adopts the self-developed model in Equation 10. The details for generating the
absorptivity model and the reliability to approximate the absorptivity of Ti6Al4V-x%B by the
Ti6Al4V absorptivity in Equation 10 could be found in chapter 5 and chapter 7.2.

A series of laser scan tests were conducted for tool steel, as summarized earlier in Table 3. For H13
steel, single-bead and multiple-bead laser scan tests were conducted in both no-powder and powder-
added version, with the selected P-V settings summarized in Table 7. There were 40 P-V settings
tested for H13 steel single-track laser scan experiment in both no-powder and powder-added cases.
Three tracks were fabricated for each P-V setting. Tracks were 32mm in length and there was 1.5mm
spacing between tracks. Selection of these 40 P-V settings was also guided by the process map
approach as presented earlier for P-V selection of Ti6Al4V-xB laser scan and thus were not repeated
here. The 40 P-V sets selected in Table 7 are presented in Fig 18, lying along 7 constant-cooling curves
that were expected to show evidently different solidification cooling rate, as indicated by the solid
lines with different colors in Fig 18. The cooling rate was estimated by Equation 8, using the material
property data in Table 5. Eighteen P-V sets of them (marked by a “p” superscript in Table 7) were
selected for no-powder and powder-added multiple-track laser scan tests, labeled as test (b) & (d) in
Table 7. One laser-deposited pad (10mmx10mm) was created for each P-V set. Selection of these 18

P-V sets was guided by the single-track results.

Besides laser scan test, 3D cube build experiments were also conducted for H13 steel. From the 18
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P-V sets tested for both single-bead and multiple-bead tests, eight were selected for 3D-cube build
test, as marked by a ““c” subscript in Table 7. One cube with dimensions 15mmx10mmx10mm was
built per P-V sets. The P-V sets were selected based on single-track and pad results. The cube build

layer thickness is 20pum, same as the powder layer thickness for powder-added tests.

Table 7 P-V settings selected for tool steel laser scan test: for M2-steel no-powder test:28 P-V sets:
P-V#1-#28, H13-steel no-powder and powder-added single-bead test: all 40 P-V sets, H13-steel
multiple-bead test: 18 P-V sets: indicated by “*”, H13-steel 3-D cube build test:8 P-V sets: indicated

by “¢”
No. P (W) V (mm/s) N?' P (W) V (mm/s)
(continue)

#1 100 600 #21P 300 1000
#2 100 800 #22P 300 1200
#3P 150 600 #23 300 1400
#47 150 800 #24 300 1600

#5 150 1000 #25P 300 1800

#6 150 1200 #26P 350 1000
#7° 200 600 #27 350 1200

#8 200 800 #28 350 1400
#9P 200 1000 #29 125 1200
#10° 200 1200 #30 125 1600
#11 200 1400 #31P 150 1600
#12 200 1600 #32 120 2000
#13 250 600 #33 200 1500
#14° 250 800 #34 150 2000
#15P° 250 1000 #35 200 1750
#16P 250 1200 #36F 280 1500
#17P 250 1400 #37P 225 1200
#18 250 1600 #38P 150 1400
#19 250 1800 #39 200 1800
#20° 300 800 #40 300 600
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For H13-steel multi-bead test and 3D cube builds, each P-V set was assigned with a different hatch
spacing, which was designed by increasing the melt pool width measured from single tracks by 30%.
The same design approach for hatch spacing design was adopted for the Ti6Al4V-xB laser scan test,
as shown earlier in this chapter. The layer thickness for powder-added and 3D build tests was designed
as 30um, the same as the default powder layer thickness setting for 316L stainless steel provided by
EOS machine.

For M2 steel, only no-powder single-bead test was conducted. 28 well-separated laser-remelt tracks
(length:13mm, 1mm spacing between tracks) were fabricated on a M2 steel plate surface. Each track
adopts a different P-V setting, which are P-V#1-#28 as listed in Table 7. These 28 P-V settings were
also tested for H13 steel.

400

350 4 ¢ ¢ “ ® P.V set selected

300 ° [ & ° PY P Cooling rate:

& — 5.2x108 K/s

22501 e — 4.6x106 K/s

g 3.5x108 Kfs

T 200 * 3.0x10° K/s

6

150 1 # 2.3x108 K/s

1.9x10° Kfs

1004 € —1.5x10% K/s

50 T T T
500 1000 1500 2000

Scan Velocity [mm/s]

Fig 18 40 P-V sets selected for H13-steel no-powder & powder-added single bead laser scan test

with predicted constant cooling-rate curves (indicated by solid lines with different colors)

4.3 Characterization Methods

A series of characterizations were conducted for laser track, pad & cube samples. They were listed
with their corresponding characterization location in Table 9. First, for each laser-deposited tracks
and pads, the top surface was characterized across whole track length and pad surface by optical

microscopy (OM) to determine balling occurrence.

Then each track, pad and cube were sectioned: tracks and pads were sectioned normal to laser scan
direction at three locations well away from the two ends of the tracks to examine melt pool cross-

sections. Cross-sections were taken away from the track or pad ends to ensure steady-state conditions.
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Since there were three tracks made for each P-V set, nine single-track melt pool cross-sections were
characterized for each P-V setting. Some H13-steel pads were sectioned and gradually ground along
laser scan direction to reveal longitudinal sections through the center-line of the laser trace for
microstructure investigation. Cubes were sectioned parallel to the build direction to produce three

cross-sections as schematically shown in Fig 19.

All sections were ground and polished. The obtained Ti6Al4V-xB samples were etched with Kroll’s
etchant and the tool steel samples were etched with Vilella’s etchant (1g picric acid, Sml HCL, 100ml
ethanol). Melt pool dimension and geometry were measured using melt pool cross-section images
taken by a Zeiss optical microscope. Melt pool cross-section and longitudinal-section microstructure
were characterized by SEM/EDS characterization (FEI Quanta 600) in both backscatter electron mode
(BSE) and secondary electron mode (SE). Besides, un-laser treated Ti6Al4V-xB microstructure (i.e.,
arc-melted microstructure) was also characterized by SEM/EDS and XRD analysis (Panalytical XPert
Pro). X-ray diffraction (XRD) (Cu source for Ti6Al4V-xB, Co-source for tool steel) was conducted
on the top surface of some laser-deposited pads and on cross-sections of cubes for phase identification

and phase vol.% quantification.

Nano-indentation experiments were carried out to assess melt pool hardness using an MTS Nano
Indentation instrument with indentation depth of 1000nm. Indentation tests were carried out at five
to seven locations in each melt pool and across multiple melt pools for pad- and cube-sample to ensure

obtaining representative average hardness value for the melt pool.

For single-track and pads, the melt pool dimension, microstructure and micro-hardness results
presented in chapter 6 and chapter 7 were the average results summarized from all three cross-sections

per track and pad.

Additional characterization was conducted for H13-steel steel track, pad and 3D cube samples,
including melt pool phase identification, microsegregation characterization and cracking density
measurement. Two TEM foils were made from the H13 steel single-track melt pool cross section. As
shown further in chapter 6.2, the top and bottom local region in H13 steel melt pool presents two
different microstructures, referred to as type (A) and (B) microstructure (see Fig 30(ii) and (iii)). For
the two TEM foils, one was made from the top region of melt pool with type (A) microstructure and
the other was made from the bottom region with type (B) microstructure. TEM foils were fabricated
by using a variation of the focused-ion-beam (FIB) in situ lift-out technique by an FEI Dual Beam

FIB-SEM. The TEM measurements were conducted at a nominal acceleration voltage of 200-KeV.
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FEI Tecnai F20 Field Emission Transmission Electron Microscope and FEI Titan G2 80-300
Transmission Electron Microscope were used to examine the thin foils. Microsegregation
characterization and phase identification were analyzed by high angle annular dark field (STEM-
HAADF) images and selected area electron diffraction patterns (SADPSs), captured in TEM
characterization.  Electron backscatter diffraction (EBSD) was also conducted for phase
identification. Cracking characterization was conducted qualitatively for H13 steel pads and
quantitatively for cubes. Crack density of each cube was determined by counting the number of cracks
per unit area of cube cross-sections. Forty areas, each 1mm?, were taken from each of the three cross-
sections in Fig 19, and thus in total 120 crack measurements were made per cube. The same crack

density measurement was adopted in the study presented by Harrison et al [68].

Table 8 summary of characterization methods and corresponding characterization location
conducted for laser-track, pad, and cube samples

Characterization
Sample Location nano-
OM | SEM/EDX | XRD | EBSD TEM . .
indentation
top surface | +/ v N N \
Cross
Track section v v v
longitudinal J
section
top surface | +/ v N \
Pad cross
section v v v
XY-,
cube XZ-, v V v N
YZ-section
#8 #C
VARSI
[} ,( 1 )’ 1
Top (1 .
[ 1 [$2]
o i 3
IR 3
X: scanning direction & i i :LJ:_J:J:____:L ______ —
. i A
y: transverse direction v J:_:} : \Qé\
Z: building direction X L 10 mm

Fig 19 Schematic of the LPBF-built cubes for H13-steel illustrating the three cross-sections for

microstructure and cracking characterization
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Results and Discussion: Chapter 5-7

5 Powder/bulk absorptivity estimation

Appropriate estimation of laser absorptivity was important for LPBF investigation. This study
developed an empirical absorptivity model for Ti6Al4V and H13 steel as shown in Equation 10 and
Table 10. Noted that in this study, all the related calculation for absorbed power (Q) of Ti6AI4V-xB
and H13 steel used the varied absorptivity models instead of the constant absorptivity in Table 10.
The absorptivity estimation was conducted for the following reasons: First, by summarizing existing
publications, this work found that for the same alloy, absorptivity values reported from different
sources vary from each other. This could be seen from Table 9 for each alloy of investigation. Second,
published information on laser absorptivity only includes data for a limited range of alloy systems.
For the alloy systems investigated in this work, their absorptivity data are rarely reported or even
unobtainable since they are either not common material candidates for laser treatment or have non-
commercial compositions. Thirdly, it was expected that laser absorptivity would vary with P, V, and
material state (powder/bulk). For instance, Yan et al. [131] reported that the laser absorptivity of P20
steel powders changes from 0.4 to 0.55 for powders with different surface oxide level. Trapp et al.
[25] reported that the 316L stainless steel increases from 0.3 to 0.8 as laser power changes from
100 W to 400 W. Tolochko et al. [132] reported different absorptivity of Ni-based alloy powder for
laser power density at 250W/cm? and 100W/cm?.

Table 9 Summary of absorptivity values from literature for each material system

Material System n reference
0.44; [133]
Ti6Al4V 0.34; [134]
0.48; [22]
0.48; [135]
H13-steel 0.38 [131]
0.33; [135]
M2-steel 0.51; [135]
0.45 [136]

Therefore, this work intends to develop an absorptivity model for each tested alloy as a function of

P,V, and material state (powder/bulk) (n=f(P, V, material state)). The model was developed by

experimental data fitting of melt pool width measurement using the Eurega software, which is an

automating data model generation tool [137], with the Rosenthal analytical solution as a physical
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basis[21]. Table 10 summarizes the final optimized result for the absorptivity of each alloy system in
their corresponding material state(powder/bulk). The general workflow for obtaining the absorptivity
models in Table 10 was shown below, exemplified by powder- and bulk-Ti6Al4V absorptivity model

generation:

First, experimental data of melt pool width (W) were collected from single-track laser scan tests
conducted on Ti6AIl4V with three different material states: (i) on Ti6Al4V arc-melted buttons, (ii) on
Ti6Al4V alloy baseplate (referred to as the no-powder test), and (iii) on one 30 um thick layer of
Ti6AI4V powder spread across Ti6Al4V baseplate (referred to as the powder-added test). The tests
of state (i) were conducted as part of this study and those for (ii) and (iii) were part of a previous study
with details reported in [38]. Then melt pool width was measured for three melt pool cross-sections
along each laser track, with their average melt pool width value summarized into three different
datasets:

1. width (W) of 48 melt pools from no-powder test and their corresponding P-V sets [38];
2. width of 48 melt pools from powder-added test and their corresponding P-V sets [38];

3. width of 14 melt pools made on arc-melted Ti6Al4V button and their corresponding P-V
sets (this work, Table 4).

The absorptivity model was developed from datasets (1) and (2), with dataset (3) kept for validation.
First, datasets (1) and (2) were filtered to remove melt pools with keyholing geometry. This was
because the model fitting used the Rosenthal model (Equation 11) as a basis, which often fails to
provide an accurate prediction for keyhole melt pool dimension [25] [21][26]. The experimental data
W, P, V was processed by Equation 11, which is a Rosenthal-based relation[21], to derive a

“predicted” absorptivity (1) for each melt pool.

n = KpavP Equation 10
where K, a, b are fitting parameters, with two sets generated: one for melt pools made with powder,

the other for melt pools made without powder. Table 10 shows the final optimized values of these
parameters.
k(T — To)W + 0.125emtpC(T,, — T,)VW?
Npre = P
Where W is melt pool width, p is density, C is heat capacity, Ty, is melting temperature (average of

Equation 11

liquidus temperature & solidus temperature), e is Euler’s number. The value for alloy properties used

in Equation 11 was listed in Table 5.
62



The open-source code go-eurega [137] was used to find the best function that would describe the

variation in n,.. with P and V. The following relation was obtained

Table 10 fitting parameter in absorptivity model for Ti6Al4V and H13-steel (powder/bulk)

System State K a b | m:Range | R?of fit 1 R2 of fit
Powder | 0.11 | 0.15 | 0.07 | 0.29-0.52 0.66 0.40 -0.03
Ti6Al4V
Bulk 0.06 | 0.43 | —0.09 | 0.25-0.44 0.72 0.33 -0.07
Powder | 0.71 | 0.12 | -0.17 | 0.34-0.46 0.46 0.39 -0.006
H13-steel
Bulk 0.18 | 0.37 | -0.16 | 0.32-0.48 0.48 0.38 -0.04

Two points should be emphasized: first, the fitting of no-powder absorptivity model (with dataset (1))
and powder-added absorptivity model (with dataset (2)) were independent from each other. Second,
none of the data from dataset (3), the model validation dataset, were included as data input of model
fitting, and the 14 P-V settings selected for dataset (3) did not overlap with any of the 48 P-V settings
for dataset (1) and (2).

Absorptivity models as shown in Table 10 were obtained for powder- and bulk-H13 steel by following
above data fitting procedure with their corresponding melt pool experimental data. Table 11

summarizes the list of datasets adopted in absorptivity model development for each alloy system.

Table 11 dataset used for absorptivity model generation for each test material

Dataset Powder- Bulk- Bulk- Powder- Bulk- Bulk-
Ti64 Ti64(1) Ti64(2) H13 H13(1) H13(2)

#Data point 48 48 14 31 31 8
P-V sets [38] [38] Table 4 Table 7 Table 7 Table 7

The validity of the developed absorptivity models was supported by the aspects below:

First, Table 10 presented the range of n for each alloy system based on their corresponding optimized
absorptivity model, which could be found to be within the absorptivity measured from other studies,

as shown in Table 9.

Second, as a comparison, the aforementioned data fitting process generates a constant absorptivity

for each alloy system, as shown in Table 10. Table 10 also compared the R? of fitness for the P-V
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varied absorptivity model and constant absorptivity model. The R? values reflect the fitness of the
two absorptivity models to the predicted absorptivity dataset in Equation 11. As shown in in Table
10, for all the alloy system tested, in either bulk- or powder-state, the developed P-V varied n model
in Equation 10 shows a significantly higher R?value than the constant n model, suggesting a generally
better agreement to the predicted absorptivity in Equation 11 for the n-model in Equation 10 rather
than the constantn. This comparison is more directly presented in Fig 74 in the Appendix, which
shows the comparison of the predicted absorptivity with the two fitted absorptivity models in Table
10. Noted again that the predicted absorptivity was obtained from the experimental measurement of
melt pool dimension, as shown in Equation 11. For this reason, the P-V varied absorptivity model in
Table 10 was considered as a better absorptivity approximation than the constant absorptivity model,
and thus all the related calculation for Ti6Al4V-xB and H13 steel in this study use the varied
absorptivity models instead of the constant absorptivity in Table 10 (e.g., equations in Table 12 and
Table 19).

Third, Fig 20 and Fig 21 present the relation between melt pool width and square root of absorbed
power density (Q/V) for each datapoint in dataset (1)-(3) measured for Ti6Al4V and H13 steel. The
absorbed power (Q) is related to the laser beam power (P) by Q = nP, with Fig 20(a) and Fig 21(a)
adopting the absorptivity model developed in this work and a constant absorptivity value reported in
previous study [134] respectively. Melt pool dimension is essentially determined by absorbed power
density (Q/V), regardless of the powder presence and the specific P-V value. As mentioned earlier,
dataset (1) and (3) are measured for the case of no powder presence, while dataset (2) measured with
powder presence; for dataset (3), as the validation dataset, its datapoints have P-V value different
from that of dataset (1) and (2). Based on this, if the absorptivity is properly estimated, then the data
points from dataset (1)-(3) would overlap at the same Q/V value in Fig 20 and Fig 21 despite their
differences in powder presence and P-V parameter. This was the case for Fig 20(a) and Fig 21(a),
while there was more scatter in Fig 20(b) and Fig 21(b). Thus, the absorptivity model in Equation 10

gave a more accurate estimation than the constant absorptivity adopted in Fig 20(b) and Fig 21(b).
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(a) developed absorptivity model (b) constant absorptivity
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Fig 20 Comparison of melt pool width between laser scan on Ti64 bulk alloy and Ti64 powder layer
for 3 datasets (data source: this work and [38]) by adopting: (a) varying absorptivity model in
Equation 10; (b) constant absorptivity; non-keyhole data point outlier: marked by red dashed circle
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Fig 21 Comparison of melt pool width between laser scan on bulk H13-steel and H13-steel powder
layer for 3 datasets by adopting: (a) varying absorptivity model in Equation 10; (b) constant
absorptivity; non-keyhole data point outlier: marked by red dashed circle; note: no-powder(2)

dataset: validation data not used for data fitting

Fig 20 and Fig 21 also suggest that for both Ti6Al4V and H13 steel, with the proposed laser
absorptivity model in Equation 10, high-level dimensional similarity was ensured between the no-
powder and powder-added melt pool at same Q-V condition for most case. While two exceptions
exist: One is melt pools with keyhole geometry, as indicated by the black hollow circle in Fig 20 and
Fig 21. This was expected since the laser absorptivity changes significantly when deep keyholes form,
which was difficult to be accurately assessed by Equation 11, a Rosenthal-based relation. Second is
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melt pools generated at P= 370 W, as indicated by the dashed-line circled point in Fig 20 and Fig 21
(labeled as “outlier”). This was close to the power output limit of the EOS M290 machine (400 W)
and under these conditions, there were possible deviations between actual and programmed laser
power output. As shown earlier in the introduction, this study adopts a powder-free approach for
LPBF investigation. It assumes that melt pool directly deposited on bulk alloy could give a reasonable
approximation to melt pool deposited on bulk alloy with a powder layer addition, referred to as

assumption of bulk/powder melt pool similarity.

Therefore, the results presented in Fig 20 and Fig 21 suggests the application range of this assumption
by showing the no-powder melt pool could give sufficient dimensional approximation for no-powder
melt pool for most of the P-V process space except when keyholing occurred or the maximum laser
power was approached. For further validation, we evaluated the difference between no-powder and
powder-added melt pool width measurements at the same Q-V combinations for the data points
presented in Fig 20 and Fig 21. The results were summarized in Table 22. The maximum dimension
deviation in Table 22 indicates that no matter for H13 steel or Ti6Al4V, the difference between no-
powder and powder-added melt pool dimension (width and depth) at the same Q-V combination was
less than 10% for all the tested P-V sets except the two exceptions as mentioned above. The potential
problems with the two exceptions were further discussed in chapter 7.8 for the application range of

the powder-free method.

The comparison between Fig 20 (a) and (b) as well as between Fig 21(a) and (b) suggests that for both
Ti6Al4V and H13 steel, no-powder melt pool gives a more accurate approximation for powder-added
melt pool when adopting the absorptivity model developed in this work rather than the constant
absorptivity. This was also indicated by Table 22 (Appendix), which shows that for a large amount
of melt pool measurements, no-powder vs. powder-added melt pool dimension deviation at same Q-
V combinations shows smaller average and maximum value when adopting the absorptivity model
developed in this work compared to that of the constant absorptivity. This study considers no-powder
melt pool as a sufficient approximation for powder-added melt pool if the difference between no-
powder and powder-added melt pool width measurement is within 7%. Such approximation was
better fulfilled when the absorptivity developed in this work instead of the constant absorptivity was
adopted, as indicated by Table 22, Fig 20 and Fig 21. Therefore, the self-developed absorptivity model
in Equation 10 and Table 10 was adopted in this study for LPBF investigation of tool steel and
Ti6AI4V-xB.
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Noted that for M2 steel, constant absorptivity was adopted, with n taken as 0.33, which was
experimentally measured by [135]. In this case, The absorptivity model in Equation 10 was not
adopted for two reasons: one is the experimental data insufficiency for model fitting: as indicated by
Table 7, only 28 [W, P-V] data was obtained for M2 steel; the other is lacking evaluation of powder-

added experimental data as only no-powder test was conducted for M2 steel.
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6 LPBF of tool steel: process optimization

This chapter discussed LPBF process optimization for H13 and M2 tool steel through investigating
the relation among P-V process parameter, melt pool geometry/microstructure inhomogeneity and

property (hardness and cracking).

Chapter 6.1 focuses on melt pol geometry investigation. In chapter 6.1.1, an initial P-V process
window for porosity control was developed for H13 and M2 steel based on P-V mapping for melt
pool geometry. Chapter 6.1.2 and chapter 6.1.3, discussed the influence of powder layer presence and
steel composition on melt pool geometry based on the comparison of P-V mappings with and without
powder presence and P-V mappings for different steel grades.

Chapter 6.2 focuses on the microstructure inhomogeneity investigation. H13 and M2 steel both
showed two different microstructures coexisting in the same melt pool, but their microstructure
inhomogeneity were induced by two different mechanisms. Chapter 6.2.1 presents the experimental
characterization results for melt pool local microstructure. Chapter 6.2.2 presents the P-V mappings
for microstructure inhomogeneity, as well as the influence of powder presence on melt pool
microstructure. The mechanism for H13 steel microstructure inhomogeneity and the analytical criteria
for M2 columnar-to-equiaxed transition in LPBF condition were presented and evaluated in chapter
6.2.3 and chapter 6.2.4.

Based on the microstructure inhomogeneity theoretical and experimental investigation, P-V process
optimization for H13 steel cracking control and P-V process optimization for M2 steel CET
promotion were discussed in chapter 6.3. Chapter 6.3 also shows the H13 steel microstructure
evolution from single-track, multi-track to 3D cube.

6.1 Melt pool geometry investigation

6.1.1 P-V mapping of melt pool geometry

In this study, melt pool geometry of single-tracks was categorized into four types based on melt pool
width (W), depth (D) and cap height (H) observed from cross-sections and track surface morphology
from top-down imaging. The example OM images for these four melt pool geometries are shown in
Fig 22. They are: (1) normal geometry, showing D/W ratio close to 1/2; (2) key-holing geometry,
showing D/W much approaching or larger than 1; (3) balling geometry, characterized by a distorted
and fluctuating laser track top surface, with undercutting and cap heights protruding above the base
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plate; and (4) under-melt geometry, characterized by a melt pool depth less than the powder layer

thickness. For tool steel investigated in this study, under-melt criteria is D<30um.

Fig 22 comparison of 4 different types of melt pool geometries observed for H-13 steel melt pool:
(a) normal geometry; (b) key-holing geometry; (c) under-melt geometry; (d) balling geometry; melt

pool boundary: marked by red dashed lines

Based on this melt pool geometry categorization, the P-V sets tested for the single-track test in this
study (Table 7) were summarized into P-V process maps, as shown in Fig 23 and Fig 24. Fig 23 (a) and
(b) show the P-V map for no-powder and powder-added single-track of H13-steel respectively. Fig
24 (a), (b) and (c) show the P-V map for no-powder single-track of H13-steel and M2-steel
respectively. Fig 23 and Fig 24 indicate the influence of powder presence and steel composition on

melt pool geometry, which is further discussed in chapter 6.1.2 and chapter 6.1.3.
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Fig 23 P-V process map of melt pool geometry for H13-steel single track; (a): powder-added; (b):
no-powder (4 types of melt pool geometry categories in the map: shown in Fig 22.)
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Fig 24 comparison of P-V process map of melt pool geometry for M2 steel(a) and H13 steel(b); (a)-
(b): based on no-powder single track experimental result (4 types of melt pool geometry categories

in the map: shown in Fig 22.)
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Fig 25 examples of melt pool presenting both keyholing and balling geometry features; example
provided by H13 steel melt pool fabricated by P-V set #27 [350W-1200mm/s]

This study proposed a P-V process window for LPBF porosity control as the P-V combinations from
the single-track experiments that produced a normal melt pool geometry (Fig 22). The causal relation
between balling, keyholing and undermelt melt pool geometries with LPBF part defects and inferior
properties was shown experimentally in a series of studies[26,43,46,138-140]. This was further
supported by observations of powder-added H13 steel multi-track pad: 18 P-V sets were selected for
the multiple-track tests (labeled by “P” in Table 7) based on the single-track P-V maps of melt pool
geometry (Fig 23) and microstructure (Fig 37). Typical pad characterization for melt pool geometry is
presented in Fig 26, which showed that the P-V sets corresponding to keyholing and balling melt pool
geometries in the single-track P-V map (Fig 23) resulted in unstable multi-track layer deposition,
causing evident variation in melt pool dimension across adjacent tracks. The P-V sets corresponding
to normal and under-melt melt pool geometries ensured stable melt pool dimension across the whole
multi-track layer. However, the under-melt condition can potentially lead to lack-of-fusion porosity
in LPBF part build due to insufficient overlap between layers as suggested by Tang et al[29]. On this
basis, the P-V combinations producing normal melt pool geometries (Fig 23 and Fig 24) should be

those most likely to produce parts with low porosity.
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(a) under-melt

(b) normal

S

(c) balling

(d) keyholing 2

Fig 26 example OM images of H13 steel single-track with different melt pool geometries (left) and
their corresponding multi-track (right) generated by same P-V set; (a) normal geometry; (b)
keyholing geometry; (c) under-melt geometry; (d) balling geometry, exemplified by P-V #29

[125W-1200mm/s], P-V#4[150W-800mm/s], P-V#22[300W-1200mm/s], and P-V#20 [300W-

800mm/s] in Table 7 respectively, melt pool boundary: marked by yellow dashed line

Simple, analytic relations could be used to outline the boundaries of the normal melt pool geometry.
For each P-V map in Fig 23 and Fig 24, the thresholds for the undesirable key-holing, balling- and
under-melt geometries could be derived from Q-V thresholds listed in Table 12, which were obtained
by fitting parameters. Each fitting model in Table 12 was derived from literature-collected models,
with their fitting parameter (m,-mj3) depend solely on material properties or on material properties
and powder layer thickness. For the single-tracks of this study, m;, m,, m5; were constants across Q-
V space for each composition. They were determined by searching boundary using least squares
regression to classify data points of normal-type from keyholing-, balling-, undermelt-type in P-V
map (Fig 24). The P-V data points for melt pool showing two melt pool geometry features, as
exemplified in Fig 25, was considered to lie on the Q-V thresholds.
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Table 12 fitting model for the Q-V threshold of different melt pool geometry for H-13 and M2 steel

Melt pool Q-V threshold: Model parameter: Model parameter:
geometry Fitting model definition fitted value
Key-holing Q. . kT,d*Vm® H13: m,=4.0
Ref: [47] N2 1 JDi M2: m;=3.4
Balling 3m3ka(Ty — Tp) H13: m,=85240
Ref: [141] QV > m, m, = e M2: m,=92400
Under-melting entpC(T; — T,)d? H13: m5=0.046
Ref: [22] Vv < mj m3 = 2 M2: not found

(Where k is thermal conductivity, D, is thermal diffusivity of molten material, d is layer thickness (d

for single-track and single-layer: see experiment design for powder-added test in chapter 4.2), Ty, is

boiling temperature, T, is melting temperature; « is thermal diffusivity; Q values: calculated by the

absorptivity model in Equation 10)

The predicted melt pool geometry Q-V threshold (Table 12) was exemplified in Fig 27, with H13 steel

as an example. Fig 27 (b) shows experimentally-observed P-V mapping (shown earlier in Fig 23). The

P values were converted from Q values using the absorptivity model in Equation 10. This enables

the experimental results to be compared to the Q-V thresholds calculated from Table 12, as shown in

Fig 27 (a). Good agreement was obtained for the region where a normal melt pool geometry would be

expected, as indicated by the shadow area in Fig 27 (b).
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Fig 27 A process window (shadow area in (b), i.e., area enclosed by dashed lines) using the melt

pool geometry P-V map (example shown for H13-steel)
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6.1.2 Influence of powder presence on melt pool geometry

The influence of powder presence on melt pool geometry could be assessed by the comparison
between no-powder and powder-added melt pool geometry P-V maps for H13 steel in Fig 23(a) and
(b). For the 40 P-V sets tested, most resulted in same melt pool geometry regardless of powder
addition, except for the three P-V sets marked out by red circles in Fig 23(b). These correspond to P-
V#9, #32, #38 in Table 7, which all result in melt pool geometry changing from non-balling to balling
with the addition of powder. An example is given in Fig 28 for P-V set #38 (150W-1400mm/s). This
suggests that the powder absence or addition changes the range of P-V process parameter leading to

the occurrence of balling.

Fig 28 H13-steel single-track with and without powder addition at same P-V sets showing different
balling behavior; example provided: P-V #38 [150W-1400mm/s]; non-balling for no-powder case
(al-a2), balling for powder-added case(b1-b2);

P-V#9 and #38 were specifically selected for the H13 steel multiple-track test, conducted in both no-
powder and powder-added version. As mentioned in chapter 6.1.1, they were P-V sets showing non-
balling geometry for no-powder single-track but balling for powder-added single-track. This
difference in balling occurrence with and without powder addition still existed for multiple-track pads
generated by these 2 P-V sets, as exemplified in Fig 29(al) and (a2) for P-V #38. Moreover, it is worth
noticing that for the other P-V settings leading to balling in both no-powder and powder-added case,
powder-added pads usually showed more severe balling behavior than their corresponding no-powder
pads at same P-V set. An example is shown for P-V #25 (300W-1800mm/s) in Fig 29 (b1) and (b2),
with the extent of balling suggested by the worse surface quality of powder-added pad than the no-

powder one.
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Fig 29 top surface images of H13-steel multiple-track pad showing different balling behavior with
and without powder addition generated at same P-V set; example provided by P-V set #38 [150W-
1400mm/s] for (al)(a2), P-V #25[300W-1800mm/s] for (b1)(b2): non-balling for no-powder case
(al), balling for powder-added case(a2); slight balling for no-powder case (b1), severe balling for

powder-added case(b2)

The above observation suggested that the powder presence would lead to a slight shift of P-V
threshold for balling formation, leaving the powder-added process map with a larger P-V space for
balling formation than the no-powder process map. This might further indicate the possibility of
control balling behavior by adjusting powder-related parameters (powder size distribution, layer
thickness, etc.).

The powder-free approach proposed in this work assumes that the no-powder melt pool could provide
a reasonable approximation for the powder-added melt pool. The above observation confirms the
validity of such approximation for melt pool geometry in most P-V space, except the P-V space near
the balling threshold. While it could be shown by Fig 27 that when combined with the powder/bulk
varied absorptivity in Equation 10 and Table 12, the Q-V thresholds derived by no-powder melt pool
data in Fig 27(a) could provide accurate estimation for the P-V window of each melt pool geometry
in powder-added case: The data points in Fig 27 (b) are the 40 P-V data points for powder-added melt
pool geometry observation, as shown earlier in Fig 23(a). They could all fit correspondingly into the
P-V space enclosed by the no-powder data developed Q-V thresholds, including the three P-V sets
(P-V #9, #32, #38), which show deviation between the no-powder and powder-added melt pool
geometry. Based on this, we confirmed the validity of the powder-free approach’s assumption by
showing the consistency in Q-V thresholds of each melt pool geometry for no-powder and powder-
added melt pool when adopting the powder/bulk-varied absorptivity model developed in this work.
This suggests the applicability of adopting the powder-free method to develop the P-V window for
LPBF porosity control (shaded area in Fig 27 (b)).
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6.1.3 Influence of steel composition on melt pool geometry

Fig 24(a)-(b) compares the P-V mappings of melt pool geometry for H13 and M2 tool steel. In P-V
mapping of M2 steel, data points are marked by dashed circles if the corresponding melt pool shows
a geometrical change from the H13 melt pool generated by the same P-V sets. These data points show
a shift in keyholing P-V threshold (and thus Q-V threshold) between H13 and M2 steel. Fig 24
indicated that the P-V window of normal melt pool geometry shrunk as the material changed from
M2 to H13.

Fig 24 indicates different keyholing behavior between M2 and H13 steel under the same P-V process
condition, which might attribute to their difference in high-boiling-temperature alloying element
content. For all elements in the periodic table, W and Mo are among the ones with the highest boiling
temperature, which are about 2500K and 1800K higher than that of Fe respectively[142]. Table 1
shows that M2 steel used in this work contains about 6 wt.% W and 4.7 wt.% Mo, while H13 steel
has 0 wt.% W and 0.7 wt% Mo. The difference in W and Mo content between M2 and H13 steel
suggested a higher boiling temperature range for M2 steel than H13 steel. The keyholing Q-V
threshold model in Table 12 shows that the Q-V threshold would shift to higher-Q and lower-V range
as boiling temperature increases. This is consistent with the experimental observation in the P-V
mapping (Fig 24), showing the keyholing Q-V threshold of M2 steel locates at higher-P and lower-V
range than that of H13 steel. This consistency supports the proposed explanation that considers the
different keyholing tendencies between M2 and H13 steel as a result of their different boiling
temperature, which further suggests the potential of altering keyholing behavior by modifying the
content of high-boiling-temperature alloying element for the alloy of investigation. This could be

considered for future work.
6.2 LPBF microstructure inhomogeneity for tool steel

6.2.1 Microstructure inhomogeneity: observation

In this work, noticeable microstructure inhomogeneity was observed in single-track melt pools for
H13 steel and M2 steel at some of the P-V sets tested in this study. The characterization result for

H13 steel and M2 steel microstructure inhomogeneity was presented below:
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e H13 steel:

Fig 30 presents a typical observation for H13-steel melt pool showing microstructure inhomogeneity.
The melt pool in Fig 30(i) shows two different microstructures in one melt pool cross section, which
could be distinguished by the brighter and darker contrast. They were referred to as type (A) and (B)
in this work. High magnification images showed type (A) microstructure (Fig 30(ii)) consisted of a
continuous cellular network. The network spacing varied across melt pools of different P-V sets,
generally increasing in size as the cooling rate decreased. The range of spacing was 0.4 to 1 um. Type
(B) microstructure shown in Fig 30(iii) exhibited two kinds of isolated needles with different length
scales and distribution. The smaller needles were 0.2-0.7 um in major axis length and were uniformly
distributed with sub-micron spacing, while the larger needles were approximately 3-5um in major

axis length and only occasionally occurred.

Phase identification

(TEM, EBSD)
cellular network austenite
matrix _

(dark-contrast) ferrite

Phase identification

(TEM, EBSD)
coarse needle martensite
small needle austenite
matrix )
(dark-contrast) ferrite

Fig 30 typical observation of microstructure inhomogeneity in H-13 steel single-track melt pool; in
(i), melt pool boundary: marked by white dashed line, example provided by P-V#4; melt pool in (i):
exhibited two localized region with different microstructure (distinguish by bright-contrast and
dark-contrast, separated by a “loop-shape” boundary marked by red dashed line), referred to as type
(A) and (B) microstructure, indicated by letter “A” and “B” in (i), shown in high magnification
image (ii) and (iii) (close-up of the yellow and green box in (i)); yellow box in (a)-(d): examples of
randomly scattered type (A) microstructure in localized type (B) microstructure; Table at right:
TEM and EBSD phase identification for each microstructure feature
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From the melt pool cross-section in Fig 30(i), a boundary could be observed separating two local
regions in the melt pool, as indicated by the red dashed lines. It presented a unique shape of two loops
intersecting at a tip near the melt pool centerline. The near-top region above the boundary exhibited
type (A) microstructure while the near-bottom region below the boundary exhibited type (B)
microstructure. Besides, scattered islands with type (A) microstructure was found in the near-bottom

region dominated by type (B) microstructure